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Solid-state batteries (SSBs) are considered to be the next-generation energy storage devices. By 
replacing the flammable organic liquid electrolyte in conventional Li-ion batteries (LIBs) with an 
inorganic solid-state electrolyte (SSE), SSBs hold the promise to offer increased energy density, 
power density and safety compared with LIBs. However, two critical bottlenecks remain in the 
development of SSBs towards commercialization: the development of SSEs with ionic conductiv-
ities rivaling those of conventional liquid electrolytes, and the stabilization of interfaces between 
SSB components, including the active material, SSE and conductive additives. 
 
Over the past sixty years, extensive experimental efforts have been devoted to the search of solid 
materials with high ionic conductivities at room temperature, which have led to discoveries of 
numerous classes of superionic conductors (SICs) that were employed as SSEs in solid-state bat-
teries. For interface stabilization, the use of coating has been demonstrated to be an effective strat-
egy in mitigating parasitic interface reactions in SSBs. Despite these advances, the low throughput 
of experimental trial-and-error approaches has bottlenecked the speed of new materials discovery 
for SSB development. On the other hand, thanks to the recent advances in first-principles calcula-
tions, the ability to accurately compute material properties in silico combined with large material 
databases has provided a computational approach to high-throughput screening of materials with 
the target functionality, revolutionizing the material discovery process.  
 
In this dissertation, I focus on leveraging first-principles techniques based on density functional 
theory (DFT) to search for new SSEs and coating materials for SSB applications. Chapter 1 intro-
duces the concept of solid-state batteries and recent advances in the studies of SSEs and interface 
stability. Chapter 2 is devoted to a computational search for lithium oxide SICs for SSE develop-
ment. In this chapter, I first revisited the ion-conduction mechanisms in lithium garnet and NA-
SICON (sodium superionic conductor) structures, the two most used oxide SSEs, based on their 
Li diffusion networks. Three network features that are beneficial for superionic conduction were 
identified, i.e., a 3D ion diffusion network, short distances between occupied Li sites, and “ho-
mogenous local environments.” Then, I performed a high-throughput screening to identify new 
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lithium oxide conductors with these beneficial features. At the end of this search, I proposed 7 
candidates as promising lithium oxide SICs with room-temperature ionic conductivity of ~0.1 
mS/cm or higher predicted by first-principles calculations. Furthermore, several new structural 
frameworks emerged, including spinel, oxy-argyrodite, sodalite, and LixM(SeO3)2, opening up ex-
citing opportunities for lithium oxide SSE development. 
 
Chapter 3 employs a computational framework to evaluate and screen materials for cathode coat-
ings in SSBs, focusing on their phase stability, electrochemical and chemical stability, and ionic 
conductivity. From this tiered screening, polyanionic oxide coatings were identified to exhibit op-
timal properties, with LiH2PO4, LiTi2(PO4)3, and LiPO3 being particularly appealing candidates. 
Some lithium borates exhibiting excellent (electro)chemical stability at various interfaces were 
also highlighted. These results demonstrated the promise of using optimized polyanionic materials 
as cathode coatings for SSBs. 
 
Finally, Chapter 4 summarizes the main findings of the dissertation and provides an outlook for 
the future directions of SSB development. 
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1.1 Solid-state batteries (SSBs) 

Rechargeable Li-ion batteries (LIBs) have revolutionized the energy-storage market and enabled 
the widespread use of portable electronic devices and electric vehicles. However, commercial Li-
ion batteries that use organic liquid electrolytes suffer from problems of flammability, low ion 
selectivity, limited electrochemical stability, and poor stability of the solid-electrolyte interphase 
(SEI) against Li metal.1 
 
Solid-state batteries (SSBs) using solid-state electrolytes (SSEs) are considered to be one of the 
most promising candidates for the next-generation batteries. By replacing the liquid electrolyte in 
conventional LIBs with an SSE, SSBs hold the promise to offer improved energy densities and 
safety by reducing flammability, improving the cycle life and enabling the use of alkali-metal 
anodes. A schematic illustration of an SSB is shown in Figure 1.1. Unlike currently used organic 
liquid electrolytes, inorganic solid-state conductors are non-flammable or have much higher onset 
temperatures for thermal runaway. The reactivity of liquid electrolytes with electrodes also con-
tributes substantially to the capacity fade of the battery.2,3 Such electrolyte decomposition can, in 
principle, be mitigated by selecting an inorganic material that is thermodynamically stable or can 
passivate further reactions with electrodes. Indeed, minimal capacity fade over 10,000 cycles was 
observed in a solid-state cell employing a thin-film lithium phosphorus oxynitride (LiPON) elec-
trolyte.4 SSEs may also enable the use of lithium or sodium metal anodes, which have much higher 
volumetric and gravimetric capacities than graphite or hard carbon.5,6 In liquid electrolytes, the 
formation of metal dendrites can short-circuit the cell.7,8 By contrast, some SSEs have shown po-
tential to suppress dendrite formation,4,9,10 but the general effectiveness of ceramics in preventing 
dendrite growth between the electrodes remains in question.11,12 
 

 
Figure 1.1 Schematic illustration of a solid-state battery. 
Blue particle: active cathode material, orange particle: SSE, black particle: carbon, grey rectangle: 
Li metal, brown rectangle: current collector. 

Nevertheless, there remain two critical bottlenecks in the development of SSBs towards commer-
cialization: the development of SSEs with ionic conductivities rivaling those of conventional liquid 
electrolytes, and the stabilization of solid/solid interfaces between SSB components, including the 
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active material, SSE and conductive additives. In the rest of Chapter 1, I provide an overview of 
recent investigations of inorganic solid-state electrolytes and interface (in)stability in SSBs. 

1.2 Solid-state electrolytes in SSBs 

One of the key properties of an SSE is its room-temperature ionic conductivity (σrt). The lack of 
solid superionic conductors (SICs) with room-temperature ionic conductivities comparable to 
those of liquid electrolytes has been a grand challenge in developing SSEs. For example, the room-
temperature conductivities of LiPF6 and NaPF6 in the liquid solvent ethylene carbonate : dimethyl 
carbonate are 5–10 mS/cm.13,14 Thanks to the extensive research efforts, several SSEs have been 
reported to exhibit room-temperature ionic conductivities in the range of 1–10 mS/cm or even 
higher, with an alkali-ion transference number close to 1 (compared with values often below 0.5 
in liquid electrolytes).13 
 
SSEs can be categorized by their anion chemistries, and the two most dominant categories are 
sulfides and oxides. Sulfides, especially thiophosphates based on the Li–P–S system, have 
emerged as leading SSE candidates because of their high ionic conductivities. In addition, their 
solution processability and ability to deform under cold pressing provide sulfides with an ad-
vantage for cell manufacturing compared with oxides. This category includes thio-LISICON (lith-
ium superionic conductors)-type compounds Li4-xM1-xPxS4 (M=Ge, Si),15,16 Li10GeP2S12 (LGPS)17 
and its derivatives,18,19 Li2S–P2S5 glass20 and Li7P3S11 glass-ceramic,21 and argyrodites Li6PS5X 
(X = Cl, Br, I).22,23 To date, the highest room-temperature Li-ion conductivity reported in an SSE 
is 25 mS/cm in LGPS-type Li9.54Si1.74P1.44S11.7Cl0.3.18 High ionic conductivity has also been 
achieved in Na-ion sulfides such as Na3PS4,24,25 Na3SbS426 and Na10SnP2S12.27,28 
 
Oxide-type SSEs include the cubic-garnet-structured LixA3B2O12 (A=La, Nd, Mg, Ba, etc., B=Te, 
Ta, Nb, Zr, In, etc.),29 NASICON (sodium superionic conductor)-structured Li1+xAxB2−x(PO4)3 
(A=Al, La, In, Cr, etc., B=Ti, Ge, Zr, Hf, Sn, etc.),30 antiperovskites Li3OX (X=Cl or Br),31 per-
ovskites Li3xLa2/3−xTiO3,32 β-alumina,33 and LISICONs with the γ-Li3PO4 framework (e.g., 
Li2+2xZn1−xGeO4).34,35 However, the room-temperature bulk ionic conductivities of oxide SSEs are 
generally lower than those of sulfides, and their large grain-boundary resistance further restricts 
the total ionic conductivity.36–40 Because of the mechanical rigidity of oxides, high-temperature 
sintering is usually required to produce a dense SSE pellet and to achieve intimate contact between 
the SSE and the electrode within the electrode composite.29,39,41,42 
 
Another category of SSEs is based on borohydride anions such as BH4- and BnHn2- (n=10, 12).43 
For example, Li2B12H12 and Na3(BH4)(B12H12) exhibit high room-temperature ionic conductivities 
on the order of 0.1 mS/cm.44,45 In particular, the carbon-substituted borohydride 
Na2(CB9H10)(CB11H12) possesses an exceptional room-temperature ionic conductivity of approx-
imately 70 mS/cm with an activation energy as low as 226 meV.46 Recently, halide-type SSEs 
have received renewed interest since the discovery of two lithium halide ionic conductors Li3YCl6 
and LiYBr6 with room-temperature ionic conductivities approaching or surpassing 1 mS/cm.47 
Various other halide SICs with comparable ionic conductivities have also been reported, including 
Li3ErCl6,48 Li2Sc2/3Cl4,49 Li3-xM1-xZrxCl6 (M=Er, Y),50 Li3+xScCl3+x51 and Na3-xEr1-xZrxCl6.52 
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Despite the progress of SSE development, the experimental discovery of new SICs has been labo-
rious and painstaking. For example, over the past 60 years, only six structural families of oxide 
SICs have been discovered:53,54 β-alumina (1960s),33 NASICONs (1970s),55,56 LISICONs 
(1970s),34 perovskites (1990s),57 garnets (2000s),58,59 and antiperovskites (2000s–2010s).31,60 
Since the discovery of the prototype compounds in each family, experimental and computational 
efforts have been made to explore the compositional space to optimize their ionic conductivity, 
stability, and processability.18,19,29,32 However, exploring the more complex structural space to dis-
cover new frameworks for SICs remains a critical bottleneck. 
 
Recently, computational studies of known SICs using first-principles methods based on density 
functional theory (DFT), such as DFT-based nudged elastic band (NEB) method and ab initio 
molecular dynamic (AIMD) simulation, have shed light on various mechanisms and structural 
features that can individually or synergistically lead to superionic conduction. These features and 
mechanisms include polarizable anions (e.g., S2-),61 a bcc anion framework,62 the cooperative mo-
tion of Li ions,63,64 a frustrated Li sublattice,65 and enlarged Li sites.66 These mechanistic under-
standings of ion conduction have guided the design of ionic conductors,62,64,66 and have led to 
predictions of new SIC candidates having structural frameworks often dissimilar to those of known 
SICs.66–68 Successful examples that have been validated by experiments include Li1+2xZn1−xPS4 
(σrt = 8 ×10−4 S/cm),69,70 predicted to be promising based on its bcc anion framework feature,62,69 
and Li1+xTa1−xZrxSiO5 (σrt = 2.97 × 10−5 S/cm),71,72 predicted to be promising based on its enlarged 
Li site feature.64,66 Therefore, the mechanism- and feature-guided computational search strategies 
for SICs allow for more efficient explorations of the structural space than the conventional trial-
and-error approaches. 
 

1.3 Interface stability in SSBs 

 
Figure 1.2 Interfaces in cathode composites of SSBs. 
Schematic illustration of various interfaces in cathode composites of solid-state batteries with and 
without cathode coating. 

 
Although high ionic conductivities have been achieved in various SSEs, the power density, rate 
capacity, and capacity retention of SSBs employing these SSEs remain poor, impeding their 
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ultimate commercial usage.61,73 These poor properties reflect the high resistance at various 
solid/solid interfaces in SSBs, which grows upon cycling. Each interface in an SSB can be cate-
gorized into one of three main classes according to its stability:74,75 type I, thermodynamically 
stable interface with no driving force for reactions; type II, reacting to form a non-passivating 
interphase with both electronic and ionic conductivity, denoted as mixed ionic–electronic conduct-
ing interphase (MCI); and type III, reacting to form a stable SEI with negligible electronic con-
ductivity, limiting further reaction. Long-term stable battery performance can only be expected for 
type I (stable) and type III (passivating) interfaces. For the latter, the ionic conductivity of the SEI 
is critical for battery performance. 
 
The wide variety of interfaces present in cathode composites with coated and uncoated active cath-
ode materials is schematically illustrated in Figure 1.2. Most studies focus on the cathode/SSE 
interface, because good ion transport across this interface must be maintained at all times. Ther-
modynamic stability at this interface is difficult to maintain because of the narrow electrochemical 
stability windows of many SSEs and their non-negligible chemical reactivity with the cathode. 
Specifically, because the active cathode material must also allow the transport of electrons, the 
SSE in contact with cathode particles is subjected to the alkali chemical potential set by the cathode 
voltage. When the SSE is not thermodynamically stable at such a high voltage, it tends to decom-
pose into phases that often have reduced ionic conductivity. Additionally, the interdiffusion of 
elements and chemical reactions between the SSE and cathode can also generate phases that im-
pede ion conduction across the interface.76,77 One strategy used to satisfy the stringent stability 
requirement is to use an electronically insulating but ionically conducting electrode coating. The 
addition of such a coating layer creates two new interfaces: one between the coating and the elec-
trode material and the other between the coating and the SSE. However, if coating-layer imperfec-
tions leave part of the electrode surface in contact with the SSE, as shown in Figure 1.2, unfavor-
able interfacial reactions still occur in the coated electrode system. Among the remaining interfaces 
in cathode composites, decomposition of the SSE can also occur at the current collector/SSE and 
carbon/SSE interfaces, where the SSE is subjected to the working lithium or sodium chemical 
potential.78–80 Although neither ion nor electron transport across these interfaces is required for 
battery cycling, such decomposition unavoidably compromises the high bulk ionic conductivity of 
the SSE over time. On the alkali-metal-anode side, the instability of the SSE arises from its reduc-
tion by metallic lithium or sodium. If the SSE contains a metal or metalloid element(s), such re-
duction often leads to the generation of electron-conductive products at this interface, rendering it 
a detrimental MCI that continuously consumes the SSE.74,75,81  
 
Next, we focus on the experimental and computational findings for interface stability related to 
sulfide SSEs and oxide SSEs. Although sulfide materials combine excellent mechanical processa-
bility and ionic conductivity, experimental investigations and DFT calculations indicate that their 
chemical stability and electrochemical stability are severely limited. First, the facile oxidation of 
S2− results in poor electrochemical stability, which is limited to approximately 2–2.5 V in the cath-
ode composite.77,81,82 S2− oxidation leads to condensation of PS4 units with a general decrease in 
lithium content and, ultimately, even results in the formation of elemental sulfur.78,83–85 Such oxi-
dation decomposition is considered one of the main causes of the large first-cycle capacity loss in 
a high-voltage solid-state cell.83 Although this degradation is mostly considered to occur at the 
cathode/SSE interface, it occurs even at non-functional interfaces such as the carbon/SSE and cur-
rent collector/SSE interfaces.78–80 Such degradation reduces the effective ionic conductivity in the 
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cathode composite. Because the SSE decomposition products that form at high voltage are gener-
ally highly oxidized and alkali-deficient, they may retard further decomposition. Second, when 
oxide cathodes are in contact with sulfide SSEs, there is a further driving force for degradation via 
the exchange of S2− and O2−, leading to the formation of PO43− polyanions and transition-metal 
sulfides,77,81,86–89 which causes impedance growth and capacity loss. Against the Li-metal anode, 
reduction of all but just a few metal or metalloid ions in sulfides occurs, creating electronically 
conducting products that form an MCI.77,81,82 This phenomenon is a particular problem for some 
highly conducting sulfides that contain Ge, Si, Sn and Sb.74,81,90–94 The addition of halogens to 
sulfide SSEs, such as I and Cl, may contribute to the formation of a passivating SEI containing Li 
halides that prevents further reduction.9,92,95,96 

 
Compared with sulfide SSEs, oxide-type SSEs generally exhibit higher oxidation stability and 
improved chemical stability with oxide cathodes.77,81,82 However, the high processing temperature 
can degrade electrode materials such as LiNixCoyMn1−x−yO297 and LiCoO2,98 and promote the 
chemical reactivity at the SSE/electrode interface.99,100 Among oxide SSEs, the most frequently 
used lithium garnet Li7La3Zr2O12 (LLZO) has often been claimed to be stable with Li metal and to 
voltages above 5 V,101–103 but the collective computational and experimental data suggest that the 
oxidation occurs at a lower voltage between 3–4 V.81,82,104,105 The observed oxidation decomposi-
tion at a low voltage indicates that LLZO cannot be paired with a high-voltage cathode such as 
LiNi0.5Mn1.5O4 (~4.7 V).106,107 Chemical mixing of garnets with oxide cathodes is much less severe 
than that of sulfide SSEs;81 however, the high-temperature co-sintering of the garnet SSE and the 
cathode material required for processing not only destabilizes the garnet SSE by Li loss but also 
promotes elemental interdiffusion and transition-metal reduction. For example, the high-tempera-
ture reaction product La2CoO4 at the LiCoO2/garnet interface contains a reduced transition-metal 
cation Co2+ from the cathode and La3+ from the garnet SSE.108 Therefore, techniques such as low-
temperature and short-time sintering and interfacial modification such as coating are desirable for 
garnet SSEs. On the anode side, whereas the Zr-containing garnet only has a minor thermodynamic 
driving force (20 meV/atom) predicted by DFT to react with Li metal,77 the Nb-containing garnet 
can clearly be reduced by Li metal, as evidenced by both DFT calculations and experimental 
data.109–111 Strongly reducible dopants such as Fe3+ further deteriorate the reduction stability of 
garnets.112 The Zr- and Ta- containing garnets have high barriers for topotactic Li insertion,109 
which likely kinetically stabilize these systems against a Li-metal anode. However, if Li insertion 
occurs in cubic garnets, a tetragonal phase (stabilized by the higher Li content) forms and increases 
the interfacial impedance.113 In principle, the slight reduction of Zr4+ in LLZO by Li metal would 
also increase the electronic conductivity of the interphase and slowly propagate into the bulk elec-
trolyte. 
 
Given the interface instability involving various classes of SSEs, engineering stable interfaces in 
SSBs is critical to further improving the cell performance. As shown in Figure 1.2, a coating layer 
is often applied to prevent the direct contact between the active material and the electrolyte.114,115 
In principle, either the electrode or the electrolyte could be coated to stabilize the electrode/elec-
trolyte interface. A buffer layer has been used in the protected lithium electrode in Li-air batteries 
to prevent the reduction of Ti4+ in NASICON-type solid-state electrolytes by metallic lithium.116 
On the cathode side, coating the electrode is usually preferred because coating the SSE would 
significantly increase the resistance along ion migration pathways. Several cathode coating mate-
rials have improved the performance of SSBs, including Li3PO4,117 LiAlO2/Al2O3,118 LiTaO3,119 
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LiNbO3,73,120,121 Li4Ti5O12,115,122 Li2SiO3,76 Li3BO3,123 and Li2ZrO3.124 However, the composition 
of cathode coating materials remains to be optimized.  
 

1.4 Motivation and outline 

Despite these exciting advances in SSBs, the discovery and optimization of new SSEs combining 
high ionic conductivity and good (electro)chemical stability, as well as new coating materials that 
stabilize the electrode/SSE interface, are still of critical importance. In the previous sections, it has 
been demonstrated that first-principles-based computational methods have greatly deepened our 
understanding of interfacial (in)stability in SSBs and ion-conduction mechanisms in SSEs. The 
latter has in turn facilitated the discovery of several new solid superionic conductors. In this dis-
sertation, I focus on leveraging these computational tools to search for the next-generation SSEs 
and cathode coating materials for SSBs, aiming to tackle the two critical bottlenecks in the SSB 
development as discussed in section 1.1. The remainder of the dissertation is organized into the 
following chapters: 
 
Chapter 2 is devoted to a computational search for lithium oxide SICs as the next-generation SSEs. 
First, I revisited the ion-conduction mechanisms in lithium garnet and NASICON structures and 
identified three beneficial features of their Li diffusion networks for achieving superionic conduc-
tion. Then, a high-throughput computational screening was performed to identify new lithium ox-
ide conductors having these features. As a result of the screening, seven promising lithium oxides 
were found to exhibit high room-temperature ionic conductivity of approximately 0.1 mS/cm or 
higher predicted by AIMD simulations.  
 
Chapter 3 presents a computational framework to evaluate and screen materials for cathode coat-
ings in SSBs, focusing on their phase stability, electrochemical and chemical stability, and ionic 
conductivity. From this tiered screening, polyanionic oxide coatings were identified as exhibiting 
optimal properties, with LiH2PO4, LiTi2(PO4)3, and LiPO3 being particularly appealing candidates. 
Some lithium borates exhibiting excellent (electro)chemical stability at various interfaces were 
also highlighted. 
 
Chapter 4 summarizes the main findings of the dissertation and provides an outlook for the future 
directions of SSB development.  



 8 

 
Chapter 2: Computational screening of Li ox-
ide superionic conductors for solid-state bat-
teries 
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2.1 Introduction 

Solid-state electrolytes composed of SICs with high ionic conductivities are the key component of 
SSBs.125,126 Among various classes of SSEs, oxide-type SSEs have the advantages of a relatively 
wide electrochemical stability window,77,81,82,127 good chemical stability with oxide elec-
trodes,77,81,82,127 and good thermal stability.128 However, to date, their applications in high-energy-
density lithium SSBs have been largely limited to two structural families: cubic lithium garnets29 
and NASICONs.30 Other oxide SSEs such as LiPON,10 antiperovskites,31 perovskites,32 and 
LISICONs34,35 have been used less frequently because of their relatively low ionic conductivi-
ties126 or poor electrochemical stability against a Li metal anode.127 In contrast, sulfide SSEs with 
various structure types have been developed and widely applied in lithium SSBs, including Li2S–
P2S5 glass,20 Li7P3S11 glass-ceramics,21 Li10GeP2S1217 and its derivatives,18,19, argyrodites,22,23,129 
β-Li3PS4,130,131, and Li1+2xZn1−xPS4.69,70,132 Moreover, the ionic conductivities of current oxide 
SSEs are generally at least one order of magnitude lower than those of sulfide SSEs.126 Therefore, 
it is important to discover new lithium oxide SICs with novel structural frameworks (i.e., a crystal 
structure excluding mobile ions) and high room-temperature ionic conductivities for future devel-
opment of oxide-SSE-based SSBs. 
 
In this chapter, we performed a computational screening for new lithium oxide SICs with novel 
structural frameworks. We started by revisiting the ion-conduction mechanisms in lithium garnet 
and NASICON, the two most often used oxide SICs for SSB applications. Two crucial factors for 
achieving superionic conduction in both SICs were identified, i.e., a 3D percolation Li diffusion 
network and a moving “activated local environment.” We then translated these factors into three 
structural features and performed a high-throughput screening to identify compounds with these 
features. Next, we stuffed excess Li ions into the screened structures and evaluated their ionic 
conductivities using AIMD simulations. Finally, we proposed 7 promising lithium oxide SIC can-
didates with high room-temperature ionic conductivity (~0.1 mS/cm or higher) and reasonable 
synthesizability. Their structural frameworks such as spinel, oxy-argyrodite, sodalite, and 
LiM(SeO3)2 open up new opportunities for enriching the structural families of lithium oxide SICs. 
 

2.2 Results 

2.2.1 Li diffusion networks in garnet and NASICON structures 
To achieve high ionic conductivity in a material, Li ions need to migrate between Li sites with a 
low activation energy. Here, we define the Li diffusion network as a graph of face-sharing Li sites 
in the crystal structure of a material. A Li site is defined as the center of a polyhedron formed by 
O2− anion corners and is represented by a node in the network, and “face” is defined as an O2− 
triangular facet of a polyhedron. The face-sharing relation between two Li sites is represented by 
an edge between corresponding nodes in the network. Thus, the Li diffusion network can be 
viewed as a road map for Li-ion transport in the material. For example, Figure 2.1A and 2.1D show 
the crystal structures of Li3 garnet (Li3La3Te2O12) and pristine NASICON (LiTi2(PO4)3), respec-
tively. Simplified 2D representations of their Li diffusion networks are presented in Figure 2.1B 
and 2.1E, respectively. For clarity, Li sites not participating in the ion conduction are not displayed 
in the network. 
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Figure 2.1 Crystal structures, 2D representations of Li diffusion networks, and local envi-
ronments of Li3 garnet and pristine NASICON. 
(A–C) Crystal structure of Li3 garnet with the composition Li3La3Te2O12 (A) and simplified 2D 
representation of its Li diffusion network (B). The site arrangement in the local environment be-
tween neighboring 24d sites is shown in (C). Green tetrahedrons: Li 24d sites, yellow octahedrons: 
Li 48g/96h sites, brown octahedrons: TeO6, blue polyhedrons: LaO8. 
(D–F) Crystal structure of NASICON with the composition LiTi2(PO4)3 (D) and simplified 2D 
representation of its Li diffusion network (E). The site arrangement in the local environment be-
tween neighboring 6b sites is shown in (F). Green octahedrons: Li 6b sites, yellow polyhedrons: 
Li 18e sites, purple tetrahedrons: Li 36f sites, red tetrahedrons: PO4, blue octahedrons: TiO6.  
Green spheres: Li ions, red spheres: O2− anions. Each circle in the Li diffusion network represents 
a Li site. An edge between two circles exists if their corresponding sites are face-sharing with each 
other. Empty circles: unoccupied Li sites, solid red circles: occupied Li sites. 

Garnets are known to have a framework that is beneficial for Li-ion conduction.63,133–136 The Li 
diffusion network of garnets is 3D, and every two neighboring tetrahedral (tet) 24d sites are 
bridged by an intermediate octahedral (oct) 48g/96h site (Figure 2.1B).29,137 As a result, each per-
colation path in the garnet framework has the –tet–oct–tet–oct– site configuration. In a Li3 garnet 
such as Li3La3Te2O12, only the tetrahedral 24d sites are fully occupied by Li ions, whereas the 
octahedral 48g/96h sites are vacant (Figure 2.1B).135 Notably, all local environments between two 
neighboring 24d sites are symmetrically equivalent, which we describe as “homogenous local en-
vironments” of the Li3 garnet network. The specific site arrangement of this local environment is 
shown in Figure 2.1C. 
 



 11 

The Li diffusion network of NASICONs is topologically similar to that of the Li3 garnet in three 
ways: 1) the network is also 3D;138 2) only the crossing nodes (octahedral 6b sites) in the network 
are occupied for the pristine composition (Figure 2.1E),138 and 3) the network also has homoge-
nous local environments, as shown in Figure 2.1E and 2.1F. These shared topological similarities 
between garnet and NASICON networks suggest a common pattern in their ion-conduction mech-
anisms, which will be discussed in the next section. However, one significant difference between 
the two networks is that the distance between occupied crossing nodes is much larger in the pristine 
NASICON (6.02 Å) than that in the Li3 garnet (3.94 Å). The difference exists because there are 
three intermediate bridging nodes (36f, 18e, 36f) between crossing nodes in the NASICON (Figure 
2.1F),138 whereas in the Li3 garnet, there is only one (Figure 2.1C).  
 

  
Figure 2.2 Li-ion conduction in Li-stuffed Li3 garnet and NASICON via cooperative hopping 
of Li ions in “activated local environment.” 
(A–C) Cooperative hopping of two Li ions in 24d and 48g/96h sites in the Li-stuffed garnet frame-
work illustrated in the local environment (A) and in the simplified 2D Li diffusion network (B). 
The Li diffusion network after one step of cooperative hopping is shown in (C). Green tetrahedrons: 
Li 24d sites, yellow octahedrons: Li 48g/96h sites. 
(D–F) Cooperative hopping of three Li ions in 36f, 36f, and 6b sites in the Li-stuffed NASICON 
framework illustrated in the local environment (D) and in the simplified 2D Li diffusion network 
(E). The Li diffusion network after one step of cooperative hopping is shown in (F). Green octa-
hedrons: Li 6b sites, yellow polyhedrons: Li 18e sites, purple tetrahedrons: Li 36f sites. 
Empty circles: unoccupied Li sites, solid red circles: occupied Li sites, solid orange circles: sites 
occupied by the stuffed Li ions. Green ellipses: activated local environments, arrows: the next 
hopping directions of Li ions. 
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2.2.2 Ion-conduction mechanisms in garnet and NASICON frameworks 
The ion-conduction mechanisms in garnet and NASICON frameworks have been extensively stud-
ied both computationally and experimentally.63,64,135,138,139 The Li diffusion network helps us to 
illustrate these mechanisms,63,135 as shown in Figure 2.2, based on which we can identify network 
features that are beneficial for achieving high ionic conductivity. 
 
The lithium garnet LixA3B2O12 (denoted as “Lix garnet”) has a robust framework that can accom-
modate a wide range of Li concentrations (x = 3–7, or Li3–Li7).29,133 Experimentally, even a slight 
increase of x from 3 to 3.1 leads to a steep increase of ionic conductivity of 3 orders of magnitude 
at 400 °C.140 As x further increases toward 7, the room-temperature conductivity approaches the 
order of 10−4 S/cm,29,102 with a peak value of approximately 10−3 S/cm achieved at x = 6.429,141 or 
6.7.142 Previous computational studies have mostly focused on the ion-conduction mechanism of 
garnets with x near 7.63,64,135 At such a high Li concentration, AIMD simulation results have sug-
gested that the low activation energy of approximately 300 meV can be attributed to the coopera-
tive motion of Li ions in the face-sharing tetrahedral 24d sites and octahedral 48g/96h sites result-
ing from the strong coulombic interaction between them.63,64 
 
In contrast, the ionic conduction mechanism of garnets at x = 3+δ have been computationally less 
explored, despite the “switching-on” of the fast ionic conduction behavior at this composi-
tion.29,139,140 In a pristine Li3 garnet, Li-ion migration involves moving a tetrahedral Li ion to a 
neighboring octahedral site with a barrier larger than 1 eV,65,135,140 explaining its negligible con-
ductivity at room temperature. As a dilute amount of Li ions is stuffed into the Li3 garnet to reach 
x = 3+1/8, DFT computation shows that the stuffed Li ion resides in the octahedral 48g/96h site, 
creating a local tet–oct–tet Li-ion arrangement, as shown in Figure 2.2A and the green shaded area 
in Figure 2.2B. The short Li+–Li+ distance of 2.27 Å between the face-sharing tetrahedral and 
octahedral Li ions induces strong coulombic repulsion similar to that in the Li7 case,63,64 suggest-
ing that cooperative motion may also occur in the Li3+δ garnets. Specifically, the stuffed octahe-
dral Li ion moves to a face-sharing tetrahedral site and pushes the Li ion originally at that site to 
another octahedral site, as illustrated in Figure 2.2A and 2.2B. Indeed, an activation energy of only 
160 meV was calculated using the NEB method for this mechanism (Figure 2.S1); this low NEB 
barrier is further supported by a similar activation energy of 198 ± 84 meV determined from AIMD 
simulation (Figure 2.S2).  
 
From the viewpoint of the Li diffusion network, the conduction mechanism of the NASICON-
structured Li1+xAlxTi2−x(PO4)3 is similar to that of Li3+δ garnet,138 which can be attributed to the 
similarities in their network topology. Indeed, upon Li stuffing, the measured bulk ionic conduc-
tivity of the NASICON was enhanced by a factor of 3–30143,36,144,145 with a reduction of the acti-
vation energy by 70–160 meV.144,146 As a Li ion is stuffed into the pristine NASICON structure, 
both experimental and DFT results have indicated that the stuffed Li ion would reside in the tetra-
hedral 36f site and displace the face-sharing octahedral 6b Li ion to the opposite tetrahedral 36f 
site, leaving a distance of 3.25 Å between them (Figure 2.2D).138,147,148 As reported by Lang et 
al.138, the interstitial ion conduction involves a cooperative hopping of three nearby Li ions at the 
36f, 36f, and 6b sites, as illustrated in Figure 2.2D and 2.2E. Specifically, in the NASICON net-
work in Figure 2.2E, two Li ions in 36f sites in the green shaded area hop right to the octahedral 
6b and tetrahedral 36f sites. In the meantime, the octahedral 6b Li ion originally in the center of 
the network is pushed to the tetrahedral 36f site on the right.138 The low NEB barrier of 190 meV 



 13 

for this mechanism calculated by Lang et al.138 is supported by our AIMD result of a very similar 
activation energy of 186 ± 47 meV (Figure 2.S3). 
 
Notably, at the end of both cooperative motions in the garnet and NASICON networks, a new local 
environment containing an interstitial Li ion is created, as indicated by the green shaded areas in 
Figure 2.2C and 2.2F. Because both pristine networks have homogeneous local environments, the 
green shaded local environments in Figure 2.2C and 2.2F are also symmetrically equivalent to 
those in Figure 2.2B and 2.2E, respectively. The equivalence means that this green shaded local 
environment can continue to propagate in the network via the exact same cooperative hoppings we 
described, which eventually leads to percolation. 
 
2.2.3 Screening strategies of lithium oxide SICs 
There is a common pattern in the ion-conduction mechanisms of both the Li-stuffed garnet and 
NASICON frameworks, which we denote as the “activated diffusion network.” In this pattern, all 
the local environments in the pristine network are quiescent for ionic conduction. Stuffing an ex-
cess Li ion into the pristine network creates a type of local environment where the migration barrier 
of Li ions is much lower via cooperative motion. We denote this type of local environment as the 
“activated local environment,” or “activation” for short. The activated local environment can then 
propagate in the diffusion network, leading to percolation, as demonstrated in Figure 2.2. This 
pattern can also be applied to other Li-ion conductors with a cooperative motion or “kick-out” 
mechanism such as Li1+2xZn1−xPS4132 or Li3PO4.149 The pattern also suggests a physical picture 
where only the activated local environments contribute to the ionic conduction while the rest of 
the network remains quiescent, a mechanism that has also been suggested for ionic migration in 
glass systems.150–152 
 
There are two essential steps required by this pattern: Step 1: initiation of the activation, meaning 
that the stuffed Li ion is able to create the first activated local environment in the network. Step 2: 
propagation of the activation, meaning that the activation is able to keep propagating in the net-
work without dying out (i.e., the interstitial Li ion will not be trapped in a local environment where 
there is an energy basin) and will eventually percolate throughout the network.  
 
It is important to consider why such a pattern works in garnet and NASICON frameworks. Thus, 
we examined their network features to determine how they are beneficial to the two steps men-
tioned above. First, both the garnet and NASICON frameworks have a 3D percolation network. 
The 3D diffusion channels allow the activation to propagate in the network in all three dimensions, 
and the crossing between these channels makes them unlikely to be blocked by point defects com-
pared with the 1D case.153 Therefore, the 3D feature is beneficial for the propagation of activation 
(step 2). Second, the pristine networks of both Li3 garnet and NASICON have homogenous local 
environments. This feature guarantees that once an activation is initiated in the network, it will not 
die out during the propagation, as any local environment to which the interstitial Li ion moves will 
be equivalent to the first activated local environment, as observed in Figure 2.2C and 2.2F. This 
feature is thus also beneficial for the propagation of activation (step 2). Third, the distances be-
tween all neighboring occupied Li sites are short in Li3 garnet. This feature is only present in the 
network of the Li3 garnet but not in that of the NASICON. Specifically, the cartesian distance 
between two neighboring occupied tetrahedral 24d sites is only 3.94 Å in Li3 garnet. After Li 
stuffing, the stuffed Li ion is inserted into the middle of two 24d Li ions, cutting the local Li+–Li+ 
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distance by half to 1.97 Å before the structural relaxation and to 2.27 Å after the relaxation. Such 
a short Li+–Li+ distance can result in a strong coulombic interaction in the local environment and 
likely lead to a lowered Li hopping barrier,64 that is, the initiation of activation (step 1). The same 
effect also applies to the propagation process, as any local environment to which the interstitial Li 
ion moves will also likely be activated owing to the short distance between occupied Li sites there. 
This feature is thus beneficial for both steps 1 and 2.  
 
In comparison, the distance between occupied 6b sites in the NASICON network is much larger 
(6.02 Å). After Li stuffing, the shortest Li+–Li+ distance becomes 3.25 Å after relaxation, which is 
1-Å larger than that in the Li-stuffed Li3 garnet (2.27 Å), corresponding to a much weaker cou-
lombic force between nearest Li ions (49% according to Coulomb’s law). Therefore, the initiation 
of the activation in the Li-stuffed NASICON network may not simply be caused by the local cou-
lombic interactions and should also be attributed to the relatively flat energy landscape of the NA-
SICON structure. Indeed, AIMD results reveal that Li ions in the Li3 garnet are much more local-
ized in its equilibrium 24d sites than in the pristine NASICON, as indicated by their mean square 
displacements (Figure 2.S4). As a result, we ended up with two beneficial network features for the 
NASICON network: a 3D network and homogeneous local environments. For the Li3 garnet net-
work, there is an additional feature: the short distances between occupied Li sites.  
 
Inspired by the common ion-conduction pattern and network features in garnets and NASICONs, 
it was desirable to design new lithium SICs with the same ion-conduction pattern enabled by these 
features. To that end, we developed two strategies for identifying new garnet-like and NASICON-
like Li oxide SICs using two different combinations of features.  
 
Potential garnet-like SICs include compounds with 1) a 3D percolating lithium diffusion network 
and 2) a short distance of ≤ 4 Å between all neighboring occupied Li sites in the pristine network. 
The value of 4 Å is referenced to that in Li3 garnet (3.94 Å), such that after Li stuffing, the shortest 
Li+–Li+ distance will be halved to below 2 Å, creating a similar or even stronger local coulombic 
interaction than that in the Li-stuffed Li3 garnet. This combination of features will benefit both the 
initiation (step 1) and propagation (step 2) of the activation. Therefore, the “homogeneous local 
environments” feature is not a necessity, although it is also present in the Li3 garnet network.  
 
Potential NASICON-like SICs include compounds with 1) a 3D percolating lithium diffusion net-
work and 2) homogeneous local environments in the pristine network. This combination of fea-
tures will only benefit the propagation of the activation (step 2). Whether this activation can be 
initiated upon Li stuffing (step 1) still depends on the specific framework. 
 
For candidates identified using either strategy, a Li ion was stuffed into its supercell to initiate the 
first activation in the network. Before implementing a search using these two strategies, algorithms 
were needed to extract and quantify these network features for a given crystal structure, i.e., the 
lithium diffusion network and its dimensionality, the distances between occupied Li sites, and a 
metric identifying homogenous local environments of the network. In the next section, we describe 
how these features were defined and computed. 
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Figure 2.3 Schematics of percolation paths and the definition of “gap.” 
(A) An example percolation path from a Li site a to its periodic image a’ through face-sharing Li 
sites (circles). Each edge has a length of 1. The max gap consists of green edges between sites a 
and d with a gap size of 3. The min gap consists of the orange edge between sites d and e with a 
gap size of 1. 
(B) An example Li diffusion network between a Li site s and its periodic image s’. Three example 
percolation paths from s to s’ are colored in orange, green, and blue. Each edge has a length of 1. 
The max and min gap size for each percolation path are summarized in the inset table. The green 
path with the smallest max gap size is selected as the “representative percolation path” in the net-
work. 

2.2.4 Quantification of network features 
Li diffusion network and percolation dimensionality. We performed Delaunay tetrahedraliza-
tion154,155 on the crystal framework to find all potential Li sites, which were represented as indi-
vidual nodes in the Li diffusion network graph. Nodes that correspond to partially or fully occupied 
Li sites were denoted as “occupied nodes,” and the rest were denoted as “unoccupied nodes.” 
Edges were drawn between two nodes if their corresponding sites were face-sharing with each 
other. The dimensionality of the network was defined as the number of dimensions in which at 
least one occupied node that could percolate to its next periodic image exists. More details on the 
construction of the Li diffusion network and percolation analysis are provided in Supplementary 
Note in section 2.6. 
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Gap and gap size. We defined the “gap” as the pathway between two neighboring occupied Li 
sites connected by a series of face-sharing unoccupied Li sites. Therefore, the gap is a suitable 
representation of the local environment in the network. In the example percolation path in Figure 
2.3A, there are three gaps 1) a–b–c–d, 2) d-e, and 3) e–f–a’. In this work, we used “gap size,” 
which is the total length of the gap, to represent the distance between occupied Li sites. Assuming 
all the edges have a length of 1 in Figure 2.3A, the three gap sizes are 3, 1, and 2, respectively. 
The advantage of using gap size instead of cartesian distance will be explained later. 
 
Maximum and minimum gap size. Each percolation path in the diffusion network is composed 
of multiple gaps, such as those in Figure 2.3A. Two key quantities are recorded: the maximum 
(max) and minimum (min) gap size. For example, for the percolation path in Figure 2.3A, the max 
gap size is 3 and the min gap size is 1. To find garnet-like SICs, we replaced the second require-
ment on the site distances with the new requirement of “max gap size of the pristine network ≤ 4 
Å”. It is easy to demonstrate the following property: for a pristine network meeting this require-
ment, the min gap size of the Li-stuffed network will be equal to or less than 2 Å (neglecting 
relaxation). Such a small min gap size upon Li stuffing suggests a strong coulombic interaction in 
the local environment, likely initiating the activation as in the Li3 garnet. We note that this con-
venient property of the gap size would not hold for cartesian distance because the stuffed Li ion 
may not be positioned precisely on the line segment between two occupied Li sites. 
 
Homogenous local environments. In a strict sense, the condition “homogenous local environ-
ments” requires all gaps in the network to be symmetrically equivalent. In this work, we used a 
weaker condition of “the max gap size is equal to the min gap size in the pristine network”. This 
weaker condition guarantees that all gaps in the network have the same size, which is a strong 
indication of the strict equivalence of all gaps. Using the max gap size in the pristine NASICON 
network (6.73 Å) as a reference, we focus on compounds with a max gap size ≤ 7 Å in this work. 
 
Representative percolation path. Several percolation paths often exist in a Li diffusion network, 
some of which consist of high-energy sites that are not involved in Li-ion conduction. In this work, 
only the percolation path with the smallest max gap size was selected as the “representative per-
colation path” for the gap size analysis. For example, for the three percolation paths in Figure 2.3B 
between a node s and its periodic image node s’, the green path will be selected. With this assump-
tion, the actual ion conduction paths for garnet and NASICON structures can be found in their 
networks. More details on the path selection are provided in Supplementary Note in section 2.6. 
 
With the network features defined as computable quantities, we then formally translated the two 
strategies for finding garnet-like and NASICON-like SICs into two regimes. The requirements for 
the garnet regime were 1) percolation dimensionality = 3 and 2) max gap size ≤ 4 Å for the pristine 
Li diffusion network. The requirements for the NASICON regime were 1) percolation dimension-
ality = 3 and 2) 4 Å < min gap size = max gap size ≤ 7 Å for the pristine Li diffusion network. 
Note that we did not consider min gap size ≤ 4 Å in the NASICON regime as this would overlap 
with the garnet regime. We then performed a high-throughput screening of structures from the 
Inorganic Crystal Structure Database (ICSD)156 to identify new lithium oxide SICs.  
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Figure 2.4 Flowchart describing the computational screening procedures for lithium oxide 
SICs. 
MTSD is the maximum total square displacement, MMSD is the maximum mean square displace-
ment, and σrt is the extrapolated room-temperature conductivity from AIMD simulations. G and N 
represent the garnet and NASICON regimes, respectively. 

2.2.5 High-throughput screening 
The screening procedures for lithium oxide SICs are described in Figure 2.4. We started with 6,242 
Li-containing oxides with at least three elements from the ICSD database.156 For each compound, 
we constructed its Li diffusion network and analyzed its percolation dimensionality, as described 
earlier. At this step, invalid structures (e.g., invalid cif files, missing Li, unfit for Delaunay tetra-
hedralization, etc.) were excluded, and only Li diffusion networks with percolation dimensionality 
of 3 were selected. After this round, 4,666 oxides were passed to the next filter. 
 

 
Figure 2.5 Classification of Li diffusion networks using the min and max gap size analysis. 
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Plot of min gap size vs. max gap size for 4,666 lithium oxides from the Li diffusion network 
analysis (filter 1). The garnet regime (max gap size ≤ 4 Å) is shaded orange, and the NASICON 
regime (4 Å < min gap size = max gap size ≤ 7 Å) is shaded blue. Note that the ellipse shown for 
the NASICON regime is only provided as a visual aid; the actual NASICON regime is only the 
segment along the diagonal. Red star: Li3 garnet (Li3La3(TeO6)2), green star: perovskite 
(Li0.33La0.557TiO3), pink star: antiperovskite (LiH2ClO), blue star: LISICON (Li14Zn(GeO4)4), yel-
low star: NASICON (LiTi2(PO4)3). See Table 2.S1 for the max and min gap size values of the stars. 

Next, we computed the min and max gap sizes of the representative percolation path for each of 
the remaining 4,666 Li diffusion networks and plotted (max gap size, min gap size) pairs, as shown 
in Figure 2.5. This min–max gap size plot provides direct visualization of the garnet regime (or-
ange shaded triangle) and the NASICON regime (blue shaded ellipse). There were 1,479 oxides 
in the garnet regime and 361 oxides in the NASICON regime for a total of 1,840 oxides. 
 
Intriguingly, although the garnet and NASICON regimes were defined using features from the Li3 
garnet (red star) and NASICON (yellow star) networks, another three lithium oxide SICs fell into 
these two regimes, namely, perovskite (green star), antiperovskite (pink star), and LISICON (blue 
star), as shown in Figure 2.5. Of the five oxide SICs, four have a max gap size ≤ 4 Å, four have 
homogeneous local environments (the diagonal line), and all of them have a 3D diffusion network. 
This result is encouraging, as it suggests that the three beneficial features we captured from garnet 
and NASICON networks are likely shared by a large portion of lithium oxide SICs. 
 
The 1,840 compounds passing the min–max gap size analysis were further grouped into 243 groups 
(157 for the garnet regime and 86 for the NASICON regime) based on the similarity of their frame-
work structures using the Structure Matcher in the pymatgen software package.157 Thus, com-
pounds within the same structural group should in principle have similar Li diffusion networks. 
We only selected one structure from each group (preferably with a composition excluding toxic or 
radioactive elements) for the subsequent screening procedures, assuming that the non-Li cation 
chemistry only has a secondary effect on the Li-ion conductivity. This is a reasonable assumption 
for many lithium SICs where the non-Li cations can be selected from a wide range of elements, 
such as the garnet29,54, NASICON,30,126 and (thio)-LISICON families.126,158 
 
Next, we filtered out the following compounds: 1) Compounds for which Li stuffing is difficult. 
In these compounds, all available vacant sites face-share with multiple cations, likely preventing 
Li stuffing of the structure. For typical vacant tetrahedral and octahedral sites, we limited the max-
imum number of face-sharing cations to 2 and 4, respectively (half the number of their polyhedron 
faces). For example, LiInO2 (ICSD: 44522) has an fcc anion framework where all octahedral sites 
are occupied by cations. This compound was excluded as every vacant tetrahedral site face-shares 
with four other cations. 2) Compounds already investigated for lithium electrode or electrolyte 
applications, including lithium garnets, NASICONs, perovskites, antiperovskites, and electrode 
materials with redox elements such as Li2VPO4F (ICSD: 183877). 3) Compounds with disordered 
Li sites. These compounds often require computationally expensive ordering of Li configurations. 
Moreover, when non-Li cations mix with Li ions in the same sites, they may block the Li percola-
tion paths. We note that if the compound has been ordered in the Materials Project database,159 the 
ordered structure was still included for later analysis. 4) Compounds with H2O, NH4, and OH 
motifs. Cif files of these compounds often have missing proton coordinates, and they may also 
lose H2O and NH3 during the high-temperature processing.  
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After this step, 31 compounds remained in the garnet regime and 22 compounds remained in the 
NASICON regime. Their specific compositions and ICSD IDs are listed in Table 2.S2 and 2.S3, 
respectively. 
 

  
Figure 2.6 Short AIMD simulation results for 53 compounds.  
MTSD of the stuffed compound (MTSDstuffed) vs. MTSD of the pristine compound (MTSDpristine) 
for 53 compounds over 10-ps short AIMD simulation (Filter 5). The orange and blue points rep-
resent compounds from the garnet and NASICON regimes, respectively. Red star: Li3 garnet 
(Li3La3Te2O12), blue star: NASICON (LiTi2(PO4)3). Black dashed line: MTSDstuffed = MTSDpristine, 
green dashed line: MTSDstuffed = MTSDpristine+ 50 Å2. Points above the green dashed line were 
passed to filter 6 for long AIMD simulations. 

For these 53 compounds, we evaluated their ionic conductivity before and after Li stuffing using 
AIMD simulations. However, performing AIMD simulations for all 53 compounds at multiple 
temperatures and for a long simulation time (≥ 100 ps) would be computationally very expensive. 
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Instead, for each structure, we performed short AIMD simulations for 10 ps at 1000 K for both the 
pristine and Li-stuffed compositions to detect signs of drastically improved conductivity upon Li 
stuffing. If a local environment in the pristine structure could indeed be activated by the stuffed Li 
ion, a drastic increase was expected in the maximum total square displacement (MTSD) of Li ions 
obtained from the short AIMD simulation after Li stuffing, which is defined as 

MTSD =	 max
*	+,	-	.-/*+,

0 |23(t)|7.
9

3:/
 

Here, N is the number of Li ions, t is a variable between 0 and 10 ps, i is the index of the Li ion, 
and ri(t) is the displacement vector of Li ion i at time t with respect to its initial position ri(t=0). 
We further define the maximum mean square displacement (MMSD) as MTSD / N. 
 
As noted earlier, the “activated diffusion network” model assumes that only the activated local 
environment contributes to the Li-ion diffusion and that the rest of the networks remain quiescent; 
therefore, the difference between the MTSD of the stuffed and pristine material (MTSDstuffed – 
MTSDpristine) reflects only the contribution of the activated local environment to the MTSD. As a 
reference, MTSDstuffed – MTSDpristine is 64 Å2 for Li3 garnet and 106 Å2 for NASICON over the 
10-ps AIMD simulation. We set the threshold for MTSDstuffed – MTSDpristine at 50 Å2, above which 
we considered that the stuffed Li could initiate the activation (step 1). Conceptually, this threshold 
value is roughly equivalent to one Li ion migrating over 7 Å or two Li ions each migrating over 5 
Å within 10 ps. Figure 2.6 plots the MTSD of the Li-stuffed structure (MTSDstuffed) vs. that of the 
pristine structure (MTSDpristine) for the 53 compounds from filter 4. The MTSDstuffed – MTSDpristine 
= 50 Å2 contour line is highlighted in green. There were 10 stuffed compounds in the garnet regime 
and 3 stuffed compounds in the NASICON regime above the green line; these compounds thus 
passed the short AIMD filter. Table 2.1 summarizes their compositions, ICSD IDs, and Li-stuffed 
degrees (number of stuffed Li ions / number of existing Li ions).  
 
In addition to compounds showing signs of improved ionic conductivity only after Li stuffing, the 
short AIMD simulation also identified the compound LiGa(SeO3)2 from the NASICON regime 
with a high MMSD ≥ 25 Å2 already in the pristine composition, which is equivalent to every Li 
ion in the supercell migrating over 5 Å within 10 ps. This compound may already exhibit high 
ionic conductivity in its pristine form and was thus also included as a candidate for lithium SICs 
in Table 2.1. In total, 10 compounds in the garnet regime and 4 compounds in the NASICON 
regime passed the short-AIMD filter. The MTSD and MMSD values of all 53 compounds from 
the short AIMD simulations are also provided in Table 2.S2 and 2.S3. 
 
In the next filter (Filter 6), we ran long AIMD simulations for at least 100 ps and at least three 
temperatures (900 K, 1000 K, and 1100 K) for the 14 compounds. Their extrapolated room-tem-
perature conductivities (σrt,stuffed) and activation energies (Ea,stuffed) are summarized in Table 2.1. 
Four compounds in the garnet regime with σrt,stuffed lower than 0.1 mS/cm were filtered out at this 
step. As a result, 9 Li-stuffed compounds (6 for the garnet regime and 3 for the NASICON regime) 
were passed to the next filter for dopability estimation. The compound LiGa(SeO3)2 with σrt of 
0.21 mS/cm was added directly to the final list of lithium SIC candidates as no further doping was 
needed. 
 
In reality, the Li-stuffed compounds require subvalent doping for charge compensation. However, 
both stuffing Li ions into high-energy sites and substituting elements in the pristine composition 
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may destabilize the structure, as indicated by the positive defect formation energies (Edefect) for 
doping in known SICs.160,161 For example, we calculated the defect formation energy for the sub-
stitution of a Zn2+ ion by two Li+ ions in LiZnPS4 to be 0.46 eV/defect and that for the substitution 
of Ti4+ by Al3+ and Li+ in LiTi(PO4)3 NASICON to be 0.39 eV/defect. Because a large Edefect value 
suggests poor dopability of the pristine compound and thus poor synthesizability of the stuffed 
composition, it is important to select a dopant with a low defect formation energy. For each of the 
9 compounds that required Li stuffing, we tested dopant ions with a high ion-pair correlation (> 
1)162 or a small Shannon radius difference (< 0.15 Å) with the ion to be doped, and list the dopant 
with the lowest defect formation energy in Table 2.1. The energy above the hull (Eabove_hull) values 
for the doped structures are also listed for readers’ reference. We set the criterion for good dopa-
bility to be Edefect < 1 eV/defect, a threshold much higher than that of Al-doped LiTi2(PO4)3 (0.39 
eV/defect) and Li-doped LiZnPS4 (0.46 eV/defect). This criterion filtered out Li4SiO4 and 
Li2MgPO4F from the garnet regime with defect formation energies of 1.52 and 1.33 eV/defect, 
respectively. Intriguingly, although most of the compounds in Table 2.1 have varying Edefect from 
0.5 to 0.8 eV/defect, the compound LiSc(SeO3)2 has an Edefect of 0 eV/defect by doping Sc with 
Mg, indicating that this material is thermodynamically stable even after Li-stuffing. 
 
For the last filter (Filter 8), we ran long AIMD simulations for at least five temperatures between 
800 K and 1200 K for the 7 doped structures (4 in the garnet regime and 3 in the NASICON 
regime). Their extrapolated room-temperature ionic conductivities (σrt,doped) and activation ener-
gies (Ea,doped) are provided in the last two columns in Table 2.1. Comparing the activation energy 
of the doped structure (Ea,doped) with that of the Li-stuffed structure in filter 6 (Ea,stuffed), it is clear 
that subvalent doping increases the activation energy by 0–80 meV, slightly decreasing σrt by less 
than one order of magnitude. As a result, all 7 doped compounds still exhibited σrt,doped of approx-
imately 0.1 mS/cm or higher except for the Mg-doped LiAlO2 (Li1+1/32Mg1/32Al1-1/32O2) with 
σrt,doped of 0.02 mS/cm. Note that although the compound Li3+1/8Mg1/8Sc1-1/8(BO3)2 in the NA-
SICON regime only exhibited σrt,doped of 0.07 mS/cm, a previous computational study showed that 
its conductivity can reach 0.1 mS/cm when the Li-stuffed degree is tripled.66 
 
Finally, the 6 Li-stuffed compounds passing the last filter were combined with the pristine com-
pound LiGa(SeO3)2 into a final list of lithium oxide SIC candidates (Table 2.2). Their Arrhenius 
plots and Li-ion probability densities obtained from AIMD simulations are provided in Figure 
2.S5–S11. Based on their Li-ion probability densities, all the candidates indeed have the intended 
3D diffusion pathways. For each candidate, information on other compounds in the same structural 
group is also provided in Table 2.S4–S9. It should be noted that the two candidates LiGa(SeO3)2 
and Mg-doped LiSc(SeO3)2 actually have the same framework except that Sc cations in 
LiSc(SeO3)2 are partially disordered at room temperature, which caused them to be classified into 
different structural groups in filter 3. 
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Table 2.2 Final list of Li oxide SIC candidates from high-throughput screening. 
σrt and Ea are the extrapolated room-temperature conductivity and activation energy, respectively. 
Edefect and Eabove_hull are the defect formation energy and energy above the hull, respectively. 

Regime Final composition 
Source 
ICSD 

ID 

σrt and 
range 

(mS/cm) 
Ea (meV) 

Edefect 
(eV/de-

fect) 

Eabove_hull 
(meV/atom) 

Garnet 

Li2+1/16Nb1/16Te1–1/16O4 1485 2.72 
[0.25, 30] 214 ± 59 0.54 4.8 

Li6+1/8Sb1/8Te1–1/8O6 26297 0.56 
[0.05, 6.1] 262 ± 59 0.58 5.5 

Li6+1/4Si1/4P1–1/4O5Br 421480 3.2 
[0.17, 60] 199 ± 73 0.73 13.9 

NA-
SICON 

LiGa(SeO3)2 250868 0.21 
[0.01, 3.6] 316 ± 70 N/A 0 

Li1+1/4Mg1/4Sc1–1/4 (SeO3)2 239794 1 
[0.05, 22] 245 ± 77 0 0 

Li4+1/2Mg1/2Ga3–1/2Si3O12Cl 87987 0.72 
[0.04, 12] 271 ± 70 0.79 16.8 

Li3+1/8Mg1/8Sc1–1/8(BO3)2 241234 0.07 
[0.002, 2.2] 326 ± 88 0.72 7.4 

 

2.3 Discussion 

2.3.1 Frameworks of final candidates 
In a previous study of lithium sulfide SICs, it was demonstrated that the bcc S2– anion framework 
is better for Li-ion conduction than fcc and hcp frameworks because all tetrahedral Li sites in the 
bcc framework are energetically close to equivalent and form a –tet–tet–tet– percolating network.62 
When switching to oxides, the O2– anions are less polarizable than S2- anions and therefore the O2– 
anion framework has less shielding effect. As a result, the Li site energies in oxides are more 
affected by the Li+–Li+ and Li+–non-Li cation interactions, likely breaking the site energy equiva-
lence in the bcc anion framework. Indeed, among known lithium oxide SICs, the bcc anion frame-
work has only been observed in Li3OCl antiperovskites where there are no non-Li cations and not 
in other SICs such as garnets, NASICONs, LISICONs, and perovskites. 
 
Consistent with this observation, none of our final candidates in Table 2.2 can be mapped to a bcc 
anion framework. Instead, the candidate Nb-doped Li2TeO4 (σrt = 2.7 mS/cm) in the garnet regime 
has a tetragonally distorted inverse spinel structure with an fcc-like anion framework,163 as shown 
in Figure 2.7A and 2.7B for its pristine and doped structures. A Li-based spinel framework features 
a 3D –tet (8a)–oct (16c)–tet (8a)– Li diffusion network164, which is topologically equivalent to that 
of the garnet framework. Furthermore, in both the normal (LiM2O4) and inverse (Li(LiM)O4) spi-
nel structures, the tetrahedral 8a sites are fully occupied by Li ions while the octahedral 16c sites 
are vacant, showing the same site occupancy as that in the Li3 garnet network (Figure 2.1B).63 
These topological similarities between the spinel and garnet frameworks suggest that they may 
share the same ion-conduction mechanism. Indeed, the pristine Li2TeO4 has an activation energy 
of 1.13 eV,163 similar to that in the Li3 garnet.29 Upon Li stuffing, the stuffed Li ion (Li4) is inserted 
into the octahedral 16c site and displaces a neighboring tetrahedral 8a Li ion (Li2) to another 
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octahedral 16c site, as illustrated in Figure 2.7A and 2.7B, creating two face-sharing tet–oct Li-
ion pairs (Li1–Li4 and Li2–Li3). Similar face-sharing tet–oct Li-ion configurations have been ob-
served in lithium garnets as we discussed and also in the high-rate spinel Li4+xTi5O12 electrode 
along the Li4Ti5O12/Li7Ti5O12 phase boundaries,165 giving rise to their high ionic conductivi-
ties.63,165–167 The same mechanism is likely also present in the Li-stuffed Li2TeO4 to account for 
its high conductivity of 2.7 mS/cm (Table 2.2). Given these similarities between the spinel and 
garnet frameworks, we believe that the spinel framework is promising for lithium SIC application. 
Indeed, a lithium halide spinel Li2Sc2/3Cl4 was recently reported with a high measured ionic con-
ductivity of 1.5 mS/cm.49 
 
The candidate Li6+1/4Si1/4P1–1/4O5Br has the highest ionic conductivity of 3.2 mS/cm in Table 2.2. 
Its pristine structure Li6PO5Br is the oxide version of the sulfide argyrodite Li6PS5X (X=Cl, Br, I) 
but with a 20% smaller lattice constant.168 Moreover, Li ions in Li6PO5Br reside in the triangular 
planar center (24g), which also differs from the tetrahedral 48h site occupancy in Li6PS5Br.22 
These chemical and structural differences make Li6PO5Br a poor ionic conductor with an activa-
tion energy that is 330-meV higher than its sulfide counterpart.168 As shown in Figure 2.7C, upon 
Li stuffing into Li6PO5Br, the stuffed Li ion (Li3) resides in the interstitial tetrahedral 16e site and 
face-shares with two 24g Li ions (Li1 and Li2), likely facilitating the rate-limiting inter-cage dif-
fusion.169 The same occupancy of the stuffed Li ion has been recently observed in the Li-stuffed 
argyrodites Li4.1Al0.1Si0.9S4129 and Li6.15Al0.15Si1.35S5.4O0.6.170 Therefore, our result demonstrates 
that the oxy-argyrodite framework can allow fast Li-ion conduction once an excess amount of Li 
is stuffed into the structure. 
 
The candidate Li4+1/2Mg1/2Ga3–1/2Si3O12Cl (σrt = 0.72 mS/cm) is Mg-doped from Li4Ga3Si3O12Cl 
with the sodalite structure.171,172 Similar to the argyrodite framework, the sodalite framework also 
features space-filling cages.173 Each sodalite cage has a Cl– ion in its center tetrahedrally coordi-
nated by 4 tetrahedral Li ions, forming a Li4Cl cluster.172 In the pristine composition, the activation 
energy of Li sodalites ranges from 0.83 to 0.95 eV.174 Upon Li stuffing, as illustrated in Figure 
2.7D, the stuffed Li ion (Li9) is inserted into an unoccupied tetrahedral site in a sodalite cage, 
forming a local Li5Cl cluster and face-sharing with another tetrahedral Li ion (Li5) in a neighboring 
cage. The face-sharing tet–tet Li-ion configuration is likely the key factor promoting inter-cage 
diffusion, as for the Li6+1/4Si1/4P1–1/4O5Br argyrodite, which drastically reduces the activation en-
ergy to only 271 meV (Table 2.2). However, the face-sharing tet–tet Li-ion pairs have rarely been 
reported in the literature175 likely due to the strong coulombic repulsion between them, which may 
explain the relatively large defect formation energy of 0.79 eV/defect for the Mg-doped structure 
(Table 2.2). We note that the sodalite framework is a robust framework that can accommodate a 
wide range of cation and anion combinations. For example, ten ICSD compositions for Li oxide 
sodalites are listed in Table 2.S8. The large chemical space in the sodalite framework creates new 
possibilities to further optimize its ionic conductivity and dopability, making this framework at-
tractive for further exploration. 
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Figure 2.7 Examples of lithium oxide SIC candidates. 
(A–B) Crystal structure of Li2TeO4 before (A) and after (B) Li stuffing via Nb doping. Li1–3: Li 
ions in the pristine compound. Li4: the stuffed Li ion. 
(C) Crystal structure of Li6+1/4Si1/4P1–1/4O5Br. Li1–2: Li ions in the pristine compound. Li3: the 
stuffed Li ion. 
(D) Crystal structure of Li4+1/2Mg1/2Ga3–1/2Si3O12Cl. Li1–8: Li ions in the pristine compound. Li9: 
the stuffed Li ion. 
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(E-F) Crystal structure of LiGa(SeO3)2 (E) and the isosurface of Li-ion probability density from 
AIMD simulation at 1000 K (F). Isovalue P = Pmax / 50, where Pmax is the maximum value of the 
density. Site X is the intermediate vacant site between neighboring occupied Li sites. 
Green polyhedrons: LiOx, brown octahedrons: TeO6, light blue polyhedrons: NbO8, dark blue tet-
rahedrons: SiO4, orange octahedrons: MgO4, purple polyhedrons: PO4, pink polyhedrons: GaOx. 
SeO3 groups are omitted for clarity. Green spheres: Li ions, yellow spheres: Cl– anions, brown 
spheres: Br– anions, red spheres: O2– anions. 

LiM(SeO3)2 (M = Ga,176 Sc,177 Fe178) in the NASICON regime presents an intriguing new frame-
work where both the pristine composition LiGa(SeO3)2 and the Li-stuffed composition 
Li1+1/4Mg1/4Sc1–1/4(SeO3)2 were predicted to have high ionic conductivity above 0.1 mS/cm (Table 
2.2). The crystal structure of LiGa(SeO3)2 and Li-ion probability density from AIMD simulation 
are shown in Figure 2.7E and 2.7F, respectively. There are several interesting features of the frame-
work that can indeed be compared with those in the NASICON framework. First, Li ions in the 
pristine LiM(SeO3)2 reside in highly distorted tetrahedral sites (Figure 2.7E),176,178 similar to the 
distorted 6b Li sites in the pristine NASICON. The distortion of Li sites has been considered ben-
eficial for frustrating the energy landscape for Li-ion conduction.179 Second, it has the intended 
3D homogenous local environments, as indicated by the equivalent gap sizes in all three dimen-
sions (Table 2.S7). Third, the LiM(SeO3)2 framework has intermediate low-energy vacant sites 
(“site X” in Figure 2.7F with high Li-ion density) between occupied Li sites, which is similar to 
the unoccupied M2 (18e) sites between occupied M1 (6b) sites in the NASICON framework.138,180 
These low-energy vacant sites can bridge the large gap between neighboring Li ions and facilitate 
Li-ion conduction. These similarities between the LiM(SeO3)2 and NASICON frameworks make 
LiM(SeO3)2 an intriguing candidate for SIC application. Furthermore, DFT results show that upon 
Li stuffing, the stuffed Li ion is inserted into the low-energy site X (Figure 2.S9A), explaining the 
excellent dopability (Edefect = 0 eV/defect) of the LiM(SeO3)2 framework. 
 
2.3.2 Effect of Li-stuffed amount 
 
In our “activated diffusion network” model, a single stuffed Li ion should in principle be sufficient 
to activate one quiescent local environment and create a steep increase in ionic conductivity. 
Therefore, for simplicity, we only stuffed one Li ion into a supercell during the high-throughput 
screening. As a result, the Li-stuffed degree was generally low in these Li-stuffed materials, espe-
cially for those in the garnet regime where the Li-stuffed degree is typically below 5% (Table 2.1). 
Therefore, there is still considerable room to increase the Li-stuffed degree to optimize the ionic 
conductivity. For example, in the candidate Li3+xMgxSc1–x(BO3)2, when x is increased from 1/8 to 
3/8, the ionic conductivity increases from 0.07 to 0.1 mS/cm.66 However, the metastability of the 
compound measured by Eabove_hull is also tripled from 7.4 to 21 meV/atom.66 This is because as the 
Li-stuffed degree increases, the number of activated local environments increases, providing more 
carriers for ionic conduction but also making the structure less stable. Therefore, the often observed 
trade-off between the ionic conductivity and stability in SIC development127 should be considered 
when tuning the Li-stuffed degree.  
 
As the Li-stuffed degree increases beyond the dilute limit, its effect becomes difficult to be pre-
dicted by our model. For example, as the Li concentration in garnet increases toward Li7, the 
dominant Li-ion triplet arrangement changes from the tet–oct–tet type to the oct–tet–oct type, 
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leading to a different ion-conduction mechanism than that in the Li3+δ garnet.63,135,166 Eventually, 
the ionic conductivity is expected to decrease with the Li-stuffed degree once the low vacancy 
concentration becomes a limiting factor for Li-ion conduction. 
 
2.3.3 Limitations and new possibilities 
 
Earlier works using Li diffusion network analysis focused on determining potential mobile ion 
sites, migration channel size, and conduction dimensionality.181–184 A recent work by He et al. 
considered the presence of “enlarged Li sites” in the network as a key feature for lithium SICs and 
used it as a screening criterion for finding new SICs.66 In the present work, we demonstrated two 
new network features for lithium oxide SICs, i.e., a small max gap size and homogeneous local 
environments. Successes in predicting new lithium SICs based on these network features highlight 
the usefulness of geometrical–topological analysis in the study of SICs. 
 
However, several limitations of this work arise from assumptions made to simplify the network 
analysis and first-principles calculations. First, the representative percolation path is assumed to 
be the one with the smallest max gap size, and the stuffed Li ion is assumed to be inserted into this 
path. In reality, the failure of either assumption will make the min–max gap size analysis (filter 2) 
irrelevant. Second, results from the 10-ps short AIMD simulation (filter 5) suffer from high statis-
tical variance, which may lead to false negatives in the screening process that cannot be detected 
downstream. Third, we only selected one composition from each structural group in filter 3 and 
only selected one doped structure for AIMD simulation in filter 8, it is possible that the selected 
chemistries were not optimal for ionic conductivity or dopability. Future work will be devoted to 
exploring the chemical space, especially in promising frameworks including the spinel, oxy-argy-
rodite, sodalite, and LiM(SeO3)2 frameworks. 
 
Finally, our approach for finding new lithium oxide SICs is in principle applicable to other ionic 
conductors (e.g., Na+ and Ca2+ mobile ions) and other anion chemistries (e.g., sulfides, nitrides, 
and chlorides). However, the strength of coulombic interactions between mobile ions in those sys-
tems may vary depending on the specific cation and anion chemistries. For example, the coulombic 
force between two Ca2+ ions will be four times stronger than that for Li ions at the same separation. 
In contrast, for lithium sulfides, because of its large lattice constant and the large anion polariza-
bility of S2– anions,62 the coulombic interaction between Li ions in sulfides would be weaker than 
that in oxides. These differences may affect the effectiveness of ion stuffing in activating the dif-
fusion network. 
 

2.4 Conclusions 

In summary, by exploring the Li-ion conduction mechanisms in Li-stuffed Li3 garnet and NA-
SICON viewing from their Li diffusion networks, a common pattern of “activated diffusion net-
work” was identified. Three network features were observed to be beneficial for enabling this 
pattern: a 3D percolation Li diffusion network, a small gap size between occupied Li sites, and 
homogenous local environments. We then performed a high-throughput screening for garnet-like 
and NASICON-like compounds sharing these features and used Li stuffing to activate the intended 
ion conduction mechanism. First-principles calculations were used to evaluate the room-
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temperature ionic conductivity and dopability of the candidate structures. Finally, we propose 7 
compounds as promising lithium oxide SIC candidates. Moreover, several intriguing frameworks 
emerged for the future development of lithium oxide SICs, including the spinel, oxy-argyrodite, 
sodalite, and LiM(SeO3)2 frameworks. 
 

2.5 Methods 

Structure grouping 
Structure grouping was performed using the Structure Matcher in the pymatgen software pack-
age.157 The structure from the ICSD was preprocessed sequentially by 1) replacing the disordered 
sites with the species having the highest site occupancy, 2) replacing non-Li cations with a dummy 
cation, 3) replacing all anions with O2–, and 4) removing all Li sites. Two structures are in the same 
group if their unit cells or primitive cells could be matched with distortions smaller than the default 
thresholds. 
 
First-principles calculations 
All the DFT calculations were performed within the projector augmented wave (PAW) formal-
ism185 as implemented in the Vienna ab initio simulation package (VASP).186 For the exchange-
correlational functional, a mixed scheme of the generalized gradient approximation (GGA)187 and 
GGA with the rotationally invariant Hubbard (+U) correction188,189 was employed, as described in 
the work by Jain et al.190 
 
NEB method 
We performed NEB calculations191 in DFT for the Li-stuffed garnet Li3+1/8La3Te2O12 with the in-
itial and final Li-ion configurations shown in Figure 2.2B and 2.2C, respectively. The charge of 
the stuffed Li ion was compensated by a uniform background charge to retain the oxidation state 
for all ions. An energy cut-off of 400 eV, a gamma-point-only sampling of k-space, and 5 inter-
mediate images were used. The NEB calculation was performed at constant volume and was non-
spin-polarized. 
 
AIMD simulations  
We performed AIMD simulations in VASP at five or more temperatures between 800 K and 1200 
K. A timestep of 2 fs was selected. At the beginning of the simulation, the temperature was set at 
100 K according to a Boltzmann distribution. Next, the temperature was ramped up to the target 
temperature in 2 ps by velocity scaling, and then the supercell was equilibrated at the target tem-
perature for 5 ps in the NVT ensemble with a Nosé–Hoover thermostat.192,193 After equilibrium, 
AIMD simulations were continued in the NVT ensemble at the target temperature for another 10 
ps for short AIMD simulations (filter 5) or at least 100 ps for long AIMD simulations (filter 6 and 
filter 8). An energy cut-off of 400 eV and a gamma-point-only sampling of k-space were used. All 
the calculations were performed at constant volume and were non-spin-polarized. The analyses of 
AIMD results used the scheme proposed by He et al.194 The Li-ion probability density calculation 
was performed using the scheme proposed by Wang et al.62 For all the analyses above, we excluded 
the data point if melting was observed. 
 
Site for the stuffed Li ion 
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For a given crystal structure, the candidate sites for Li stuffing were the 20 symmetrically distinct 
Voronoi sites with the lowest energies modeled by the Buckingham potential.195 DFT calculations 
were performed on the 20 supercells, each with a stuffed Li ion in a candidate site and with a 
uniform background charge. The candidate site associated with the lowest DFT energy was se-
lected as the site for the stuffed Li ion. An energy cut-off of 400 eV and a k-point grid of at least 
1000/(number of atoms) were used. All the calculations were performed at constant volume and 
were non-spin-polarized. 
 
Dopability 
The defect formation energy (Edefect) was calculated as 

E"#$#%& = 	E")*#" − E*,-.&-/# +1Δn-µ-
-

. 

Here, Edoped and Epristine are the bulk energies of the doped and pristine structures, respectively. Δni 
is the number of atoms of element i being added to or removed from the supercell during the 
doping, and µi is the chemical potential of element i at the pristine composition. For the bulk energy 
calculations of pristine and doped compounds, an energy cut-off of 520 eV and a k-point grid of 
at least 1000/(number of atoms) were used. 
     To calculate the energy above the hull (Eabove_hull) of the doped structure, we constructed the 
lower energy convex hull using all ground-state phases (including the doped structure) in the 
chemical space defined by elements in the doped composition using the pymatgen software pack-
age.157 Eabove_hull was defined as the energy of the doped structure above the lower convex hull. An 
Eabove_hull value of 0 eV/atom means that the doped structure is precisely on the hull and therefore 
thermodynamically stable. 
 

2.6 Supporting information 

 

Figure 2.S1 Energy landscape along the minimum energy path for the cooperative motion 
mechanism in the Li-stuffed garnet Li3+1/8La3Te2O12. 
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Figure 2.S2 AIMD simulation result of the Li-stuffed garnet Li3+1/8La3Te2O12. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K.  
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 198 ± 84 meV. 
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Figure 2.S3 AIMD simulation result of the Li-stuffed NASICON Li1+1/6Ti2(PO4)3. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 50, where Pmax is the maximum value of the density. Green 
spheres: Li ions at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 186 ± 47 meV. 
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Figure 2.S4 Mean square displacement (MSD) vs. time for 10-ps AIMD simulations of Li3 
garnet and pristine NASICON structures at 1000 K. 
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Figure 2.S5 AIMD simulation result of Li2+1/16Nb1/16Te1–1/16O4. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 214 ± 59 meV. 
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Figure 2.S6 AIMD simulation result of Li6+1/8Sb1/8Te1–1/8O6. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 262 ± 59 meV. 
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Figure 2.S7 AIMD simulation result of Li6+1/4Si1/4P1–1/4O5Br. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K.  
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 199 ± 73 meV. 
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Figure 2.S8 AIMD simulation result of LiGa(SeO3)2. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 50, where Pmax is the maximum value of the density. Green 
spheres: Li ions at 0 K. Site X is the vacant intermediate site between neighboring occupied Li 
sites at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 316 ± 70 meV. 
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Figure 2.S9 AIMD simulation result of Li1+1/4Mg1/4Sc1–1/4(SeO3)2. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 100, where Pmax is the maximum value of the density. Green 
spheres: Li ions at 0 K. Li1–Li4: Li ions in the pristine structure. Li5: stuffed Li ion. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 245 ± 77 meV. 



 

 39 

 

 
Figure 2.S10 AIMD simulation result of Li4+1/2Mg1/2Ga3–1/2Si3O12Cl. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 271 ± 70 meV. 
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Figure 2.S11 AIMD simulation result of Li3+1/8Mg1/8Sc1–1/8(BO3)2. 
(A) Isosurface of Li-ion probability density from AIMD simulation at 1000 K, showing the 3D 
diffusion network. Isovalue P = Pmax / 1000, where Pmax is the maximum value of the density. 
Green spheres: Li ions at 0 K. 
(B) Arrhenius plot of Li-ion diffusivity with a fitted activation energy of 326 ± 88 meV. 
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Table 2.S1 Maximum and minimum gap sizes in typical Li oxide SIC structures. 

Material Composition ICSD Max gap size 
(Å) 

Min gap size 
(Å) 

Garnet Li3La3(TeO6)2 Modified from 
68252 3.94 3.94 

Perovskite Li0.33La0.557TiO3 82671 3.87 3.87 
Antiperovskite LiH2ClO 23748 2.63 2.63 

LISICON Li14Zn(GeO4)4 100169 3.00 2.22 
NASICON LiTi2(PO4)3 183669 6.73 6.73 

 
Table 2.S2 Diffusion data from the short AIMD simulations (Filter 5) for the 31 compounds 
in the garnet regime.  
MTSDpristine and MTSDstuffed are the maximum total square displacement of the pristine structure 
and Li-stuffed structure in 10 ps, respectively. MMSDpristine is the maximum mean square displace-
ment of the pristine structure in 10 ps. MMSD values higher than 25 Å2 and MTSDstuffed–MTSDpris-

tine values higher than 50 Å2 are highlighted in red. 

Composition Source 
ICSD ID 

MTSDpristine 
(Å2) 

MTSDstuffed 
(Å2) 

MMSDpristine 
(Å2) 

MTSDstuffed–
MTSDpristine 

(Å2) 
Li4B7ClO12 1125 67.3 67.4 8.4 0.1 

Li4GeO4 18096 26.1 150.1 0.4 123.9 
Li2TeO4 1485 15.6 134.1 0.5 118.5 

Li6Y(BO3)3 68653 224.8 215.0 4.7 -9.8 
LiNbO3 5309 17.5 15.4 0.7 -2.1 
Li4SiO4 238603 206.6 258.9 1.8 52.3 
Li3BO3 9105 14.7 35.4 0.4 20.7 
LiTaO3 239377 30.6 23.4 1.3 -7.2 
Li3PO4 257439 16.5 106.3 0.3 89.8 

Li2GeO3 100403 13.4 26.6 0.4 13.2 
LiIO3 20032 16.1 22.2 1.0 6.1 

Li6TeO6 26297 20.8 159.8 0.4 139.0 
Li6Si2O7 25752 63.3 62.6 2.6 -0.8 

Li2BeSiO4 28307 8.9 14.2 0.3 5.3 
Li6Ge2O7 31050 127.4 65.6 2.7 -61.7 
Li3KGeO4 38324 23.1 51.0 0.5 27.9 

Li14Be5B10O27 67991 18.1 16.7 0.6 -1.4 
Li4Ge5O12 68463 247.6 50.7 melted -197.0 
Li4SeO5 92395 19.7 83.0 0.3 63.3 
LiZnBO3 260590 10.7 49.8 0.7 39.1 
Li4SiO4 98615 18.8 94.6 0.3 75.8 

Li2MgPO4F 426198 20.7 106.6 0.6 85.9 
Li3NaSiO4 202115 11.8 38.1 0.5 26.3 
Li2MgSiO4 250003 7.9 15.4 0.5 7.6 
Li7Te3O9F 254737 13.2 52.9 0.5 39.7 

Li3Al(MoO4)3 262791 18.6 17.1 0.8 -1.5 
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Li5OCl3 419852 2036.9 1974.7 melted -62.1 
Li6PO5Br 421480 14.5 166.5 0.6 152.0 

Li9Mg3P4O16F3 426103 19.6 25.4 0.5 5.8 
Li6B4O9 427421 35.0 56.4 0.5 21.4 
Li2AlO2 430185 13.3 102.2 0.4 88.9 

 
Table 2.S3 Diffusion data from the short AIMD simulations (Filter 5) for the 22 compounds 
in the NASICON regime.  
MTSDpristine and MTSDstuffed are the maximum total square displacement of the pristine structure 
and Li-stuffed structure in 10 ps, respectively. MMSDpristine is the maximum mean square displace-
ment of the pristine structure in 10 ps. MMSD values higher than 25 Å2 and MTSDstuffed–MTSDpris-

tine values higher than 50 Å2 are highlighted in red. 

Composition Source 
ICSD ID 

MTSDpristine 
(Å2) 

MTSDstuffed 
(Å2) 

MMSDpristine 
(Å2) 

MTSDstuffed– 
MTSDpristine 

(Å2) 
Li2Cd(PO3)4 636 11.0 40.8 1.4 29.8 
Li2NbOF5 4409 66.2 42.1 4.1 -24.1 
LiNaSO4 67702 34.4 23.1 5.7 -11.2 

Li2CaGeO4 19024 5.2 20.8 0.3 15.6 
Li2Mn3ZnO8 26995 4.6 15.3 0.6 10.7 

LiB3O5 415201 14.1 44.1 0.9 30.0 
LiW3O9F 38310 12.5 42.2 1.6 29.7 

LiIO3 40365 10.6 13.3 0.7 2.6 
Li4Ga3Si3O12Cl 87987 9.0 131.8 1.1 122.7 

LiIO3 201817 11.7 53.1 0.7 41.5 
LiKSO4 62982 24.1 18.7 3.0 -5.4 
LiCsSO4 63181 26.6 26.1 3.3 -0.5 
LiSiBO4 67536 4.7 28.7 0.6 24.0 
LiNO3 67981 10.9 58.6 0.7 47.7 

LiGa(SeO3)2 250868 193.1 84.2 48.3 -108.9 
Li6Ca12Mo4O3N16 83865 5.4 10.0 0.5 4.6 

LiKSO4 88832 32.6 39.9 4.1 7.4 
LiSc(SeO3)2 239794 121.0 214.2 15.1 93.1 
Li3Sc(BO3)2 241234 16.4 102.3 0.7 85.9 

Li3Rb(Ge4O9)2 241866 6.8 9.1 1.1 2.3 
Li2NaB5O8F2 244622 5.1 20.8 0.6 15.7 
Li2Be4BaO6 256228 3.4 4.9 0.4 1.5 
LiKMo3O10 431337 23.7 43.1 3.0 19.3 

 
Table 2.S4 Max and min gap size data for structures in the same structural group as 
Li2+1/16Nb1/16Te1–1/16O4 
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

Li2TeO4 1485 [3.86, 3.39] [3.86, 3.39] [3.39, 3.39] 
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Table 2.S5 Max and min gap size data for structures in the same structural group as 
Li6+1/8Sb1/8Te1–1/8O6 
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

Li6TeO6 
26297 
40247 [3.10, 2.94] [3.10, 2.94] [3.10, 2.94] 

Li6UO6 
25350 
48209 [3.60, 3.05] [3.60, 3.05] [3.65, 3.05] 

 
Table 2.S6 Max and min gap size data for structures in the same structural group as 
Li6+1/4Si1/4P1–1/4BrO5 
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

Li6PBrO5 421480 
421481 [3.64, 3.20] [3.64, 3.20] [3.64, 3.20] 

Li6PClO5 421479 [3.57, 3.18] [3.57, 3.18] [3.57, 3.18] 
 
Table 2.S7 Max and min gap size data for structures in the same structural group as 
LiGa(SeO3)2 
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

LiGa(SeO3)2 250868 [5.97, 5.97] [5.97, 5.97] [5.97, 5.97] 
LiSc(SeO3)2 239794 [6.21, 6.21] [6.21, 6.21] [6.21, 6.21] 
LiFe(SeO3)2 75554 [6.04, 6.04] [6.04, 6.04] [6.04, 6.04] 

 
Table 2.S8 Max and min gap size data for structures in the same structural group as 
Li2+1/2Mg1/2Ga3–1/2Si3ClO12 
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

Li4Ga3Si3O12Cl 87987 [6.89, 6.89] [6.89, 6.89] [6.89, 6.89] 
Li4Ga3Si3O12Br 87988 [6.85, 6.85] [6.85, 6.85] [6.85, 6.85] 
Li4Ga3Si3O12I 87989 [6.86, 6.86] [6.86, 6.86] [6.86, 6.86] 

Li4Al3Si3O12Cl 68427 
41186 [6.87, 6.87] [6.87, 6.87] [6.87, 6.87] 

Li4Al3Ge3O12Cl 87990 [6.93, 6.93] [6.93, 6.93] [6.93, 6.93] 
Li4Al3Ge3O12Br 87991 [6.93, 6.93] [6.93, 6.93] [6.93, 6.93] 
Li4Al3Ge3O12I 87992 [6.99, 6.99] [6.99, 6.99] [6.99, 6.99] 
Li4Be3P3CO12I 74525 [5.28, 5.28] [5.28, 5.28] [5.28, 5.28] 
Li4Be3P3O12Br 80472 [5.27, 5.27] [5.27, 5.27] [5.27, 5.27] 

Li4Be3As3O12Cl 74526 [6.65, 6.65] [6.65, 6.65] [6.65, 6.65] 
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Table 2.S9 Max and min gap size data for structures in the same structural group as 
Li3+1/8Mg1/8Sc1–1/8(BO3)2  
The bolded values are the max and min gap sizes of the representative path. 

Composition ICSD ID [Max gap size, Min gap size] (Å) 
x y z 

Li3Sc(BO3)2 241234 [4.58, 2.85] [4.89, 4.89] [4.89, 2.85] 
 
Supplementary Note 
Li sites and Li diffusion network 
The algorithm to identify occupied and unoccupied Li sites in a crystal structure is described in 
Figure 2.S12. As shown in Figure 2.S12, the crystal structure of a Li oxide contains three types of 
ions: Li ions, non-Li (denoted as “M”) cations, and O2– anions. Note that non-Li cations that share 
the same sites with Li ions were replaced by Li ions. Delaunay tetrahedralization154,155 was per-
formed on the O2– anion sublattice to generate “T tetrahedral sites” (T sites). We also constructed 
“Li polyhedral sites” (L site) for each existing Li ion by finding its coordinating anions (bonding 
distance ≤ 3 Å), and similarly “M polyhedral sites” (M sites) for each M cation. Two sites were 
considered to be in conflict if their center distance ≤ 1 Å. Then, any T sites that were in conflict 
with any M sites were removed, and the remaining T sites were recursively merged if they were 
both distorted (Robert/Roux factor196 ≤ 0.94) and too close to one another (center distance ≤ 1.1 
Å). This step produced “P polyhedral sites” (P sites) which consisted of the unmerged T sites and 
the new sites from merging. Next, we designated any P sites in conflict with any L sites as the 
occupied Li sites, and the remaining P sites as the unoccupied Li sites. All numerical values were 
selected to reproduce the known Li sites in the benchmark Li oxide frameworks, including garnet, 
NASICON, layered LiCoO2, and spinel LiMn2O4. 
     To construct the Li diffusion network, we represented all the occupied and unoccupied Li sites 
as individual nodes in the graph and drew edges between two nodes if the corresponding sites are 
face-sharing with each other. 
 
Percolation analysis and representative percolation path selection 
For each occupied node in the diffusion network and a given direction, we performed the modified 
Dijkstra’s algorithm197 to find the percolation path with the smallest max gap size to its nearest 
periodic image in that direction. This step generated multiple percolation paths starting from dif-
ferent occupied nodes in different percolation directions. To select one “representative percolation 
path” among them for the gap analysis, we made two assumptions: 1) for each percolation direction 
in the diffusion network, we selected the path with the smallest max gap size, and 2) among the 
three selected percolation paths for the x, y, and z directions, we further selected the path with the 
largest max gap size. Assumption 1 was used to exclude tortuous paths consisting mostly of unoc-
cupied sites, and assumption 2 was used to consider only the “worst” direction of the three direc-
tions, given that the goal of this work was to find a 3D ionic conductor. With these two assumptions, 
the representative percolation paths found for garnet and NASICON structures matched the actual 
conduction paths. 
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Figure 2.S12 Flowchart describing the algorithm to identify occupied and unoccupied Li sites 
in the crystal structure of a Li oxide. 
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Chapter 3: Computational screening of cath-
ode coatings for solid-state batteries 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Part of this chapter has been published in: 
Xiao, Y., Miara, L. J., Wang, Y., & Ceder, G. (2019). Computational screening of cathode coatings 
for solid-state batteries. Joule, 3(5), 1252–1275.  
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3.1 Introduction 

We have shown in Chapter 1 that even with highly conductive SSEs, the cell performance of SSBs 
is still limited by the high interface resistance at unstable interfaces. Among various interfaces, the 
cathode/SSE interface is critical as good ion transport across this interface must be maintained for 
battery cycling. In this chapter, we focused on engineering the cathode/SSE interface by searching 
for optimal cathode coating materials that can mitigate the high interface resistance. 
 
To date, several oxides used to coat conventional cathode materials have shown varying degrees 
of effectiveness in SSBs.61 They include, among others, Li3PO4,117 LiAlO2/Al2O3,118 LiTaO3,119 
LiNbO3,73,120,121 Li4Ti5O12,115,122 Li2SiO3,76 Li3BO3,123 and Li2ZrO3,124 most of which are metal 
oxides. Cathode coatings are used to isolate the SSEs from the low lithium chemical potentials 
exerted by the cathode in its highly charged state, thereby preventing their electrochemical self-
decomposition. Indeed, most SSEs are not thermodynamically stable at the voltage of many 
charged cathodes.77,81,82 In terms of chemical stability, energy dispersive X-ray (EDX) spectros-
copy mapping has shown that cathode coatings can also prevent direct contact between the elec-
trode and the SSE, thus suppressing elemental diffusion and interfacial chemical reactions.76,121 
Recently, computational results have shown that these oxide materials are effective because of 
their widened electrochemical windows and excellent chemical stability against oxide cathodes 
compared with those of SSEs.77,81,82 Summarizing insights drawn from experimental and compu-
tational studies, an ideal cathode coating material should exhibit the following properties: 

1. A wide electrochemical window that spans the cathode operating voltage and overlaps with 
the electrochemical window of the electrolyte (electrochemical stability) 

2. Limited chemical reactivity with both the electrolyte and the cathode (chemical stability) 
3. Reasonable lithium-ion mobility 
4. Low electronic conductivity (when paired with electrolytes that are unstable at high voltage) 

 
Whereas the experimental approach to finding new coating materials is time-consuming and low 
throughput, computational evaluation of potential coatings based on properties 1–4 can be more 
efficient. Using a computational approach developed in the previous works160,198,199 to predict the 
electrochemical stability and the chemical stability of different interface systems, Zhu et al. pro-
posed several new oxides as potential cathode coatings that are chemically similar to the afore-
mentioned oxide coatings, e.g., Li4TiO4, Li2TiO3, Li8SiO6, Li4SiO4, Li5TaO5, and Li3TaO4.77 In a 
similar spirit, Aykol et al. performed high-throughput screening of cathode coatings for Li-ion 
batteries using liquid electrolytes by considering their thermodynamic stability, electrochemical 
stability, and HF reactivity.200 For SSBs, it is also desirable to consider the chemical compatibility 
of the coating with both the cathode and the SSE. In addition, the ionic conductivity, an important 
criterion for coating performance,123,201 has often been neglected in the computational search for 
new coatings, presumably because of the high computational cost of ion conductivity predictions 
with ab initio techniques and the difficulty in integrating them with a high-throughput environ-
ment.202,203 
 
In this chapter, we conducted a high-throughput search for suitable materials for cathode coatings 
spanning a very wide range of chemistries. We systematically considered the following aspects of 
these coating compounds: phase stability, electrochemical stability, chemical stability (with both 
cathodes and SSEs), and ionic and electronic conductivity. We demonstrated that polyanionic 
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oxide compounds offer the best combination of excellent electrochemical stability and chemical 
stability without sacrificing the ionic conductivity. The highly covalent bonds between M and ox-
ygen in the many MOx (M = non-metal elements) polyhedral units lowers the energy of the oxygen 
orbitals, thereby protecting them from oxidation. This effect increases the oxidation stability while 
also decreasing the chemical reactivity of the polyanionic compounds. Among the polyanionic 
oxide compounds identified in the high-throughput screening, we specifically highlighted three 
compounds LiH2PO4, LiTi2(PO4)3, and LiPO3 as cathode coatings that show great potential for 
improved performance relative to that of state-of-the-art coatings. 
 

3.2 Results 

We performed sequential high-throughput screening for coating materials following the flowchart 
presented in Figure 3.1. The database used in this study is an internal database of DFT-computed 
bulk energies of compounds with crystal structures obtained from the ICSD database156 as well as 
those generated by applying data-mined chemical substitutions.204 This database contains both en-
ergetic information, such as the formation energy, and electronic data, such as the Kohn–Sham 
band gap. As a prerequisite for achieving reasonable Li ionic conductivity, we only considered the 
104,082 Li-containing materials in the dataset as potential coating candidates. 
 
3.2.1 Initial screening 
We began the screening by excluding compounds containing radioactive elements. In addition, 
cathode coatings designed to stabilize SSEs with low oxidation limits must be electronically insu-
lating (Property 4); otherwise, the SSE at the SSE/coating interface will still subject to the high 
voltage of the cathode. We used Kohn–Sham band gaps (Eg) determined from DFT calculations 
as a first-order screening criterion for electronic conductivity for materials. While a low band gap 
almost certainly leads to some electronic conductivity,205 even wide-band-gap materials can ex-
hibit electronic transport when point defects in the material create carriers in the valence or con-
duction bands.206  As such, electronic conductivity may depend on synthesis/processing conditions 
and the susceptibility of the compound to create carrier-generating point defects.206 While the en-
ergy of these defects depends to some extent on the band gap, as it contains the energy to create 
an electron (hole) in the conduction (valence) band, it is certainly possible that wide-band-gap 
materials become electronically active under certain synthesis and processing conditions. Such an 
analysis would require calculations of all possible point defects as a function of Fermi level, as is 
sometimes done for oxides and chalcogenides,206,207 but would be fairly expensive in this high-
throughput screening, and be further complicated by the amorphous nature of some coating mate-
rials.119 
 
Thus, to the first-order approximation, materials that are potentially electronically conducting such 
as metals and alloys were also excluded by limiting the Kohn–Sham band gap to be larger than 0.5 
eV. The more than 62,000 compounds that meet these initial screening criteria were then evaluated 
for their phase stability.  
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Figure 3.1 Flowchart describing the computational screening of cathode coating materials. 
Following the initial screening, phase stability, electrochemical stability, and chemical stability 
were used as sequential filters for the high-throughput screening. Eg is the DFT-calculated Kohn–
Sham band gap; Vred and Vox are the reduction and oxidation limits of the electrochemical stability 
window in V vs. Li metal, respectively; ΔErxt is the reaction energy of the material with the cathode 
or electrolyte in eV/atom; LPS denotes the SSE material Li3PS4; and NCM denotes the fully lithi-
ated cathode material LiNi1/3Co1/3Mn1/3O2. 
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3.2.2 Phase stability screening 
A good cathode coating is expected to maintain its structural and chemical integrity during the 
shelf life and the operation of the battery. The phase stability of a material determines both its 
long-term stability and synthesizability. In this study, we only considered Li-containing materials 
that are thermodynamically stable (or stable within the DFT or temperature error) against decom-
position into other phases. We evaluated the phase stability of a material by building the energy 
convex hull in the chemical space that includes this material and calculating its energy above this 
hull (see section 3.5).81,200 Only materials whose energies are < 0.005 eV/atom above the convex 
hull or exactly on the hull were considered thermodynamically stable (or stable within DFT or 
temperature error). This phase stability filter returned 1,600 compounds with unique compositions 
for further consideration of the electrochemical stability. 
 
To better understand the composition–property relationship, we categorized materials according 
to their anion chemistry: fluorides, chlorides, oxyfluorides, oxides, and others (sulfides, nitrides, 
bromides, iodides, phosphides, etc.) We additionally divided the oxides into polyanionic oxides 
and non-polyanionic oxides. In this study, polyanionic oxides refer to oxides with nonmetal-oxy-
gen cluster anion groups, including POxy−, SO42−, BOxy−, CO32−, AsO43−, SeO42−, NO3−, SiO32−, 
ClOxy−, BrO3−, and IOxy−. Using this definition, the conventional ternary metal oxide coatings (e.g., 
LiAlO2, LiTaO3, LiNbO3, Li4Ti5O12, and Li2ZrO3) belong to the non-polyanionic oxides category. 
Figure 3.2 and Table 3.1 summarize the numbers and percentages of compounds for each category 
of materials that pass the phase stability filter (filter 2), electrochemical stability filter (filter 3), 
and chemical stability filter (filter 4). As observed in Table 3.1, more than 50% of the 1,600 phase 
stable materials that pass filter 2 are oxides, implying that oxides have a rich chemical space for 
property optimization. Note that within the oxide category, there are approximately equal numbers 
of non-polyanionic oxides (397) and polyanionic oxides (411). 
 
3.2.3 Electrochemical stability screening 
The lithium electrochemical stability window of a material is the voltage range (vs. Li metal) in 
which the material is stable against decomposition by either lithium consumption or release. Spe-
cifically, the oxidation and reduction limits of the stability window are defined as the voltage limits 
at which the material begins to be oxidized via Li extraction or reduced via Li insertion, respec-
tively. Thermodynamically, the voltages are obtained from the limits of the lithium chemical po-
tential that keeps the grand potential of the material on the convex energy hull.81,89,199 For example, 
at the lower chemical potential value of this range (corresponding to higher voltage), the compound 
will decompose into one or more phases with an overall reduced Li content. Since a significant 
driving force may be required to form new phases from the compound, some kinetic stabilization 
beyond the predicted voltage limits may be expected. For example, the overpotential for the oxi-
dation of LLZO has been shown to be more than 1 V.104 The methodology for the electrochemical 
stability window calculation is described in section 3.5. 
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Figure 3.2 Histogram of numbers of compounds for each category that pass each filter in the 
high-throughput screening. 
Red: fluorides; green: chlorides; purple: oxyfluorides; orange: non-polyanionic oxides; blue: pol-
yanionic oxides; black: others. Filter 2: phase stability screening; Filter 3: electrochemical stability 
screening; Filter 4: chemical stability screening. 

Table 3.1 Numbers and percentages of compounds for each category that pass each filter in 
high-throughput screening 

Filter Fluorides Chlo-
rides 

Ox-
yfluo-
rides 

Non-poly-
anionic ox-

ides 

Polyanionic 
oxides Others Total 

Filter 2a 229 
(14.3%) 

62 
(3.9%) 

62 
(3.9%) 

397 
(24.8%) 

411 
(25.7%) 

439 
(27.4%) 1600 

Filter 3b 114 
(37.7%) 

39 
(12.9%) 

8 
(2.6%) 

31 
(10.3%) 

109 
(36.1%) 

1 
(0.3%) 302 

Filter 4c 79 
(42.9%) 

31 
(16.8%) 

6 
(3.3%) 

2 
(1.1%) 

66 
(35.9%) 

0 
(0.0%) 184 

aPhase stability screening, bElectrochemical stability screening, cChemical stability screening 
 
The operating voltage of modern cathode materials can vary widely from 2.5 to 4.5 V during 
charge and discharge cycles. For a cathode coating to be effective, the oxidation limits should be 
high enough for it to be stable at the top of charge. To allow for some potential kinetic stabilization, 
we set the criterion for the oxidation limit to be 4.0 V. For the reduction limit, the coating can only 
be stable with the electrolyte if its electrochemical window overlaps with that of the electrolyte to 
ensure that there is no driving force for Li transfer between the coating and the electrolyte. Given 
that the calculated oxidation limits of sulfide electrolytes are typically in the range of 2.2–2.7 V,81 
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we set the reduction limit of coatings to be 2.7 V. Therefore, the final stability window criterion 
used for the electrochemical stability screening was an oxidation limit of Vox ≥ 4.0 V and a reduc-
tion limit of Vred ≤ 2.7 V.  
 

  
Figure 3.3 Electrochemical and chemical stability screening results. 
Each material is represented by a dot in the graphs. Red: fluorides; green: chlorides; purple: ox-
yfluorides; orange: non-polyanionic oxides; blue: polyanionic oxides; black: others. (A) Electro-
chemical stability windows of 1,600 phase-stable materials. (B) Chemical reaction energy ΔErxt 
with Li3PS4 (LPS) and fully lithiated LiNi1/3Co1/3Mn1/3O2 (NCM) for the 302 screened materials 
enclosed in the green box in Figure 3.3A. 

Figure 3.3A plots the electrochemical stability windows of all 1,600 compounds that pass the phase 
stability screening. As noted by Richards et al., the oxidation limit of a material is primarily deter-
mined by the anion chemistry.81 Separation of the oxidation limits of materials with different ani-
ons is also evident in Figure 3.3A. Fluorides typically have the highest oxidation limits, followed 
by chlorides, polyanionic oxides, and non-polyanionic oxides. Compounds in the “Others” cate-
gory generally have the lowest oxidation limits, below 2.5 V. In Figure 3.3A, the horizontal dashed 
line at 4.0 V denotes the oxidation limit minimum in the electrochemical stability window criterion, 
and the vertical dashed line at 2.7 V denotes the reduction limit maximum. The region shaded in 
green in the top left corner therefore represents the stability window of interest, which contains 
302 compounds. Figure 3.2 and Table 3.1 show that almost all the compounds in the “Others” 
category are eliminated during this round of screening because of their low oxidation limits, con-
sistent with previously findings for sulfides, nitrides, and phosphides.81 Table 3.1 also shows that 
approximately half of the phase-stable fluorides and chlorides meet the electrochemical criterion, 
which is the highest percentage among all the chemistries. Notably, after this round of screening, 
the polyanionic oxides (109) outnumber the non-polyanionic oxides (31) because of their higher 
pass rates (26.5% for polyanionic oxides vs. 7.8% for non-polyanionic oxides). It is worth noting 
that several polyanionic oxide coatings that have been used in cells with liquid electrolyte have 
oxidation limits exceeding our threshold (e.g., LiCoPO4 (4.19 eV)208,209, LiNiPO4 (4.22 eV)210, 
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LiTi2(PO4)3 (4.59 eV)211), explaining their reported good performance. The pass rate is 12.9% for 
oxyfluorides which is in between of the numbers for polyanionic oxides and non-polyanionic ox-
ides. This is because in these compounds with mixed anions, the oxidation limit is determined by 
the anion with the lowest oxidation limit. Since oxides have lower oxidation limits than those of 
fluorides, it is expected that the oxidation limits and pass rate of oxyfluorides are similar to those 
of oxides. 
 
3.2.4 Chemical stability screening 
Next, we considered the chemical stability requirements for cathode coatings. In the absence of a 
coating, chemical reactions at the interface between the cathode and the SSE have been observed 
to occur and are accompanied by the interdiffusion of atoms and the formation of ionically insu-
lating phases.76,108 When a cathode is coated, the cathode/SSE interface is replaced by two new 
interfaces: the cathode/coating interface and the coating/SSE interface. For a coating to function 
as designed, it should not only act as a physical barrier that prevents interdiffusion between the 
SSE and the cathode but should also provide two new interfaces that are more stable than the 
original cathode/SSE interface. For each interface system, we determined the chemical mixing 
reaction with the most negative reaction energy (ΔErxt) using DFT-computed energies of the reac-
tants and possible products. The magnitude |ΔErxt| was used as an indicator of the chemical reac-
tivity of that interface, with a high |ΔErxt| indicating a reactive interfacial system. The methodology 
used for the chemical mixing energy calculation is described in section 3.5.81 
 
As an example, Figure 3.3B plots the reaction energy of possible coating materials with Li3PS4 
(LPS) as the SSE and the reaction energy with fully lithiated LiNi1/3Co1/3Mn1/3O2 (NCM) as the 
cathode for all 302 materials that pass the electrochemical stability filter (filter 3). This plot is 
relevant for a coating that would be used to protect LPS from NCM. As observed in Figure 3.3B, 
all of the non-polyanionic oxides exhibit limited reactivity (|ΔErxt| < 50 meV/atom or 4.8 kJ/mol) 
with NCM; however, over three quarters of them exhibit large reactivity (|ΔErxt| ≥ 200 meV/atom 
or 19.3 kJ/mol) with LPS. More than 60% of the polyanionic oxides, however, exhibit limited 
reactivity (|ΔErxt| ≤ 100 meV/atom or 9.6 kJ/mol) with both LPS and NCM. To identify cathode 
coatings that are chemically compatible with both the electrolyte and the cathode, we set the cri-
terion for chemical reactivity (defined as |ΔErxt|) of the material to be smaller than 100 meV/atom 
with both LPS and fully lithiated NCM. This reactivity criterion was used to define the green 
shaded region in Figure 3.3B. This region contains 184 compounds, 106 of which were obtained 
from the ICSD database. We provide their compositions, electrochemical windows, and reactivity 
(with NCM and LPS) in Table 3.S1 for the reader’s reference. In Table 3.1, we see the even 
stronger preference for polyanionic oxides over non-polyanionic oxides than that observed in the 
electrochemical stability screening round. Concretely, the pass rates are 60.6% for polyanionic 
oxides vs. 6.5% for non-polyanionic oxides. After this round of screening, only two non-polyan-
ionic oxides remains. Interestingly, LiCoPO4 and LiNiPO4 coatings used in cells with organic liq-
uid electrolytes were filtered out because of their high reactivity (~150 meV/atom) with LPS to 
form transition metal sulfides and lithium phosphates, indicating that they may not be suitable for 
use in SSBs with sulfide electrolytes. 
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3.2.5 Down-selection to polyanionic oxides 
Fluorides and chlorides are two classes of materials that exhibit exceptional electrochemical sta-
bility and chemical stability. As observed in Table 3.1, together they account for nearly 60% of 
the 184 compounds passing filter 4. In particular, LiF, LiCl, LiRbCl2, LiCsCl2, and LiRb2Cl3 have 
zero reactivity with both fully lithiated NCM and LPS. However, the halides have less been ex-
plored than polyanionic oxides in terms of ionic conductivity. Except for one recent report on 
Li3YCl6 with σRT = ~10−4 S/cm at room temperature,47 there have only been limited reports on 
lithium chlorides, with the best room-temperature ionic conductivity reported being approximately 
10−6 S/cm,212–214 and no inorganic fluorides as Li ion conductors were reported to the best of our 
knowledge. In comparison, numerous polyanionic oxides have been reported to exhibit reasonably 
high room-temperature ionic conductivity such as NASICON-type phosphates (σRT = ~10−4 
S/cm),146,215–217 LISICON-type phosphates (σRT = ~10−4 S/cm),218 and LiPON (σRT = ~10−6 
S/cm).10,219 We decided to focus on polyanionic oxides for further analysis given that 1) some of 
them are known good Li ion conductors, and 2) there are well-known methods to synthesize and 
apply them as coatings. However, we want to emphasize that halides also have the potential to 
exhibit comparable stability and ionic conductivity as shown recently by Li3YCl6.47 Table 3.S1 
provides a thorough list of the coating candidates that pass the chemical stability filter that includes 
a wide range of chemistries, including fluorides and chlorides. 
 
Even though we greatly narrowed down the compounds of interest to 66 polyanionic oxides, it 
remains computationally expensive to study all of these candidates using ab initio techniques, es-
pecially for dynamic properties such as the lithium ion mobility. We therefore selected six repre-
sentative compounds from the 66 polyanionic oxides to assess their potential as cathode coatings 
in detail. These six compounds included the ortho-phosphates LiH2PO4 and LiTi2(PO4)3, meta-
phosphates LiPO3, LiLa(PO3)4, and LiCs(PO3)2, and borate LiBa(B3O5)3. These candidates are 
among the polyanionic oxides with the highest oxidation limits (≥ 4.5 V) in Table 3.S1. 
 

  
Figure 3.4 Electrochemical stability windows of common thiophosphate and oxide solid-state 
electrolytes (grey), non-polyanionic oxide coatings (orange), and polyanionic oxides (blue). 
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3.2.6 Stability of six polyanionic oxides 
The electrochemical stability windows for the six polyanionic oxides are plotted as a bar graph in 
Figure 3.4. For comparison, we also plotted the electrochemical stability windows of common 
thiophosphate electrolytes: argyrodite Li6PS5Cl (LPSCl), LGPS, the glass ceramic Li3PS4 (LPS), 
and garnet-type LLZO and the ternary non-polyanionic coatings Li2ZrO3,124 LiNbO3,73 and 
LiTaO3.119 Consistent with the poor electrochemical stability of sulfides in general, the three thio-
phosphates exhibit low oxidation limits < 2.5 V.84 The oxide LLZO has a wider stability window 
with an oxidation limit of 2.9 V, which is still too low to be paired with high-voltage cathodes. 
Indeed, a recent experimental study showed that the apparent oxidation limit of LLZO is approxi-
mately 4.0 V,104 indicating that slow oxidation kinetics may protect the material somewhat above 
its thermodynamic limit, but not enough to function in battery systems for which the voltage is 
above 4.0 V. Thus, protection of LLZO at high voltage remains necessary. The three ternary metal 
oxide coating materials listed in Figure 3.4 exhibit improved oxidation stability (3.4–4.0 V) as 
compared to both thiophosphate and oxide electrolytes, which explains their previously reported 
good performance.73,119–121,124 In comparison, the polyanionic oxides listed in Figure 3.4 offer sub-
stantially higher oxidation limits (≥ 4.5 V) than those of non-polyanionic oxide coatings. For ex-
ample, the ortho-phosphate LiTi2(PO4)3 exhibits an oxidation limit of 4.6 V and all three meta-
phosphates are stable at 5 V or higher, making it possible to pair them with extremely high-voltage 
cathodes such as LiNi0.5Mn1.5O4 (~4.7 V).106,107 
 
To examine the chemical reactivity of the down-selected coatings with cathodes and electrolytes, 
we use the color-mapped cells representing the reaction energies ΔErxt in Figure 3.5 for the various 
interfaces: fully lithiated cathode/coating, fully lithiated cathode/SSE, and SSE/coating. The SSEs 
and coatings are the same as those in Figure 3.4, and the cathodes evaluated are the commonly 
used oxide cathodes NCM, LiCoO2 (LCO), LiMn2O4 (LMO), and LiFePO4 (LFPO). The exact 
reaction energies and products are listed in Table 3.S2, 3.S4, and 3.S5, respectively. To determine 
the compatibility of the interfaces involving cathodes at different states of charge, we repeated the 
procedure for half-lithiated cathodes, and the reaction energies and products for the most favorable 
reactions are tabulated in Table 3.S3 and 3.S4, respectively.  
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Figure 3.5 Reaction energies ΔErxt at fully lithiated cathode/SSE, fully lithiated cathode/coat-
ing, and coating/SSE interfaces in meV/atom.  
The specific values for ΔErxt are provided in Table 3.S2. Each cell is mapped to a color from green 
to red according to the color bar on the right, with the dark green color denoting low chemical 
reactivity and the dark red color denoting high chemical reactivity. 

As observed in Figure 3.5, all the thiophosphate electrolytes (LPSCl, LGPS, LPS) react strongly 
with all the cathodes except for LFPO, as indicated by the red colors and very negative reaction 
energies in Table 3.S2. Specifically, the LPS/NCM interface of interest has a reactivity |ΔErxt| as 
high as 422 meV/atom (40.7 kJ/mol). This high reactivity is even more pronounced at the half-
lithiated cathode/SSE interface (Table 3.S3). As noted in previous studies,81,220 the high reactivity 
between the oxide cathode and thiophosphates originates in part from the strong tendency to ex-
change O and S between the SSE and cathode and form PO43− groups (as in Li3PO4) and transition-
metal sulfides, and the formation of P-Ox species was indeed detected experimentally at the 
NCM/LPS interface.83 The exchange of O-S is energetically favorable because the bond dissocia-
tion energy is much larger for a P-O bond (597 kJ/mol) than for a P-S bond (346 kJ/mol), while 
the bond dissociation energy difference is small for transition metal-O (e.g., Co-O: 368 kJ/mol) 
and transition metal-S bonds (e.g., Co-S: 343 kJ/mol).221 However, in the LFPO cathode, phos-
phorus is already fully bonded with O atoms, leading to a lower reactivity of LFPO with thiophos-
phates. Although some modeling results have been used to argue that the reduction of phosphorus 
to phosphides is kinetically preferred over PO43−, this unexpected result requires some experi-
mental confirmation.220 
 
The garnet-type oxide electrolyte LLZO has a higher chemical compatibility with oxide cathodes 
unlike thiophosphate electrolytes. In particular, the reaction energies of LLZO with fully lithiated 
NCM and LiCoO2 are effectively zero, but reactions between LLZO and half-lithiated cathodes 
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are still thermodynamically favorable during charging (Table 3.S3). Despite the predicted low re-
activity at 0 K, chemical reactivity at the LiCoO2/LLZO interface to form La2CoO4 has been ob-
served at 973 K.108 The high temperature reactivity and reduction of Co from 3+ to 2+ can be 
understood by considering oxygen loss and the associated reduction of the transition metal at high 
temperature as in the study of LLZO/spinel cathode interface.99 Also, the migration of larger cati-
ons is promoted at elevated temperatures, causing the interdiffusion of Co, La and Zr.108 Therefore, 
a thermally stable coating is still needed at the LiCoO2/LLZO interface to suppress the interdiffu-
sion of elements at high temperature during sintering. 
 
Ternary metal oxide coatings and polyanionic coatings generally provide a much more stable in-
terface with oxide cathodes than sulfide electrolytes, as indicated by their small reactivity in Figure 
3.5. In fact, some ternary metal oxide coatings have no driving force to react with oxide cathodes 
in both fully lithiated and half-lithiated states (e.g., LiTaO3/NCM, LiNbO3/LCO). Indeed, LiNbO3-
coated LiCoO2 and LiMn2O4 have been used effectively in SSBs with a sulfide SSE.73,120 In con-
trast, phosphates-based coatings are predicted to exhibit higher reactivity with oxide cathodes (ex-
cept for LFPO) than oxide coatings, which is largely driven by the tendency to form Li3PO4 (Table 
3.S4). Specifically, meta-phosphates containing the PO3− group want to obtain O from oxide cath-
odes to form the PO43− group. Even for the ortho-phosphate LiTi2(PO4)3, which already contains 
the PO43− group, it is energetically favorable to give up transition-metal elements and obtain Li 
from the cathode to form the Li3PO4 phase. However, the formation of Li3PO4 may not always be 
detrimental, as it has been used as a cathode coating and thin-film solid electrolyte.117,222,223 Crys-
talline Li3PO4 possesses a reasonably high oxidation limit (4.22 V) and chemical stability, as 
shown in Table 3.S1, and in partially crystalline form its ionic conductivity (σRT = ~10−7 S/cm) is 
only slightly lower than that of LiPON.223 Hence, Li3PO4 could function as a passivation layer, 
restricting further reactivity. Not surprisingly, phosphate oxides are quite stable with LFPO, which 
can be attributed to their high similarity in P–O bonding. In fact, when phosphates were recently 
applied for all the components in a solid-state Li-ion battery, improved interfacial stability and 
cyclability was observed,224 consistent with our computational results. 
 
The interface between an oxide coating and a thiophosphate SSE behaves similar to an oxide cath-
ode/SSE interface with reactivity that is often larger than 100 meV/atom, driven by the formation 
of Li3PO4 and transition metal sulfides. In contrast, many polyanionic coatings provide greatly 
improved compatibility with thiophosphate electrolytes (|ΔErxt | < 100 meV/atom), a result we 
observed in the high-throughput chemical reactivity screening. Interestingly, the trend is reversed 
at the coating/LLZO interface. Oxide coatings show low reactivity with LLZO, while the phos-
phates are predicted to have a non-trivial (|ΔErxt | > 100 meV/atom) reactivity with LLZO, driven 
by the formation of Li3PO4.  Some polyanionic oxides other than phosphates such as LiBa(B3O5)3 
show extremely high chemical compatibility with both cathodes and thiophosphate electrolytes, 
indicating that all the interfaces in the cathode/coating/SSE configuration can remain intact. Other 
lithium borates in Table 3.S1 such as LiSr(B3O5)3, LiH2B5O9, LiCs(B3O5)2, LiB3O5, Li3B7O12, 
Li2Al(BO2)5 and Li4B7O12Cl exhibit similar low chemical reactivity. Their excellent chemical sta-
bility in addition to their good electrochemical stability make borates very promising cathode coat-
ings. There are other polyanionic compounds with zero chemical reactivity with NCM and LPS: 
LiAlSiO4, and Li3PO4, although their oxidation limits (4.09 and 4.22 V) are slightly lower than 
that of LiBa(B3O5)3. 
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3.2.7 Ionic and electronic conductivity considerations 
The ionic conductivity of a coating has been less emphasized than its stability in previous studies. 
However, Sakuda et al. studied the electrochemical performance of SSBs using SiO2-coated and 
Li2O–SiO2-coated cathodes and attributed the better rate capacity of the Li2O–SiO2-coated cathode 
to the higher lithium ion conductivity of its coating.201 Also, a recent report has shown that solid-
state batteries with Li3BO3-Li2CO3 (LBCO) cathode coating exhibit better cell performance than 
with Li3BO3 (LBO) coating, which is explained by the lithium ionic conductivity of LBCO which 
is two orders of magnitude higher than for LBO.123 To evaluate and understand the ionic conduc-
tivity of the polyanionic coating candidate, we performed NEB calculations for the single Li va-
cancy migration barrier. The interstitial mechanism was not considered as interstitial Li atoms are 
not likely to survive at high voltage. We also did not include the vacancy formation energy in the 
migration barrier, as we expect that a coating layer of nanometer thickness prepared using common 
coating methods would be highly defective and contain intrinsic vacancies. In each structure, there 
are multiple possible vacancy hopping pathways. The lowest migration barrier, Em, for a pathway 
that percolates the supercell is provided in the third column in Table 3.2, with the migration path-
ways shown in Figure 3.S1. The NEB migration energies for individual hopping events are also 
listed in Table 3.S6. As a reference, the migration for a reported ternary metal oxide coating ma-
terial, Li2ZrO3, was also calculated. Li2ZrO3 has a calculated migration barrier of 0.48 eV for Li 
vacancy migration, which is smaller than the 0.56 eV found for LiPON.10,219 Among the six poly-
anionic oxides considered in the current study, the calculated migration barriers in LiH2PO4 (0.33 
eV), LiTi2(PO4) (0.42 eV), and LiPO3 (0.40 eV) are similar to or less than those of LiPON and 
Li2ZrO3, indicating that fairly good ionic conductivity can be expected in these materials. However, 
the compounds with the highest oxidation limits have vacancy migration barriers larger than 1 eV, 
such as 1.39 eV for LiLa(PO3)4 and 1.27 eV for LiCs(PO3)2, implying low room-temperature Li 
ion conductivity. We also list the experimental activation energies (Ea) and ionic conductivity for 
Li conduction in Table 3.2 for reference. As observed in Table 3.2, the calculated migration barri-
ers for Li2ZrO3, LiTi2(PO4)3, and LiCs(PO3)2 agree fairly well with the experimentally determined 
activation energy for the same crystal structures.225–228 In contrast, the experimentally determined 
activation energy for LiLa(PO3)4 is 0.92 eV,229 which is considerably lower than the calculated 
vacancy migration energy, which may indicate that a different migration mechanism controls the 
measured conductivity. Although this measured activation energy for LiLa(PO3)4 is lower than the 
calculated migration energy it remains prohibitively high for Li ion migration. LiPO3 is experi-
mentally reported to have an activation energy of 1.40 eV,230 which is 1 eV higher than the calcu-
lated migration energy. This large difference may originate from a large vacancy formation energy, 
a different migration mechanism, or another rate limiting step in experiment. However, the con-
ductivity of LiPO3 has also been shown to be enhanced by four orders of magnitude in its glass 
form (50 Li2O–50 P2O5), with a reduced activation energy of 0.72 eV.230 Therefore, LiH2PO4, 
LiTi2(PO4), and LiPO3 may exhibit satisfactory ionic conductivity for coating application.  
 
As seen in the crystalline LiLa(PO3)4 and LiPO3, the calculated migration energies are not always 
consistent with the experimentally measured values. The mismatch is expected as we made several 
assumptions in our calculations: 1) the carrier formation energy is not included, 2) a vacancy mi-
gration mechanism is assumed, 3) the migration in grain boundaries is not considered. In experi-
ments, the measured activation energies are complicated by the factors that were neglected in the 
assumptions 1-3 and thus deviate from the predicted values. Additionally, the coating may be 
amorphous, possibly resulting in a different ionic conductivity and activation energy compared to 
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those in the crystalline form, as is observed in LiPO3. Nonetheless, our predicted migration ener-
gies can give guidance on how the compounds may perform in crystalline form. 
 
Table 3.2 Computed Li vacancy migration barrier, electronic band gap and experimental 
conductivity data for Li2ZrO3 and the six polyanionic oxides 

a“--” means no experimental data found in the literature for the ICSD crystal structure. bThe exper-
imental activation energy for LiLa(PO3)4 was re-calculated from the Arrhenius plot in ref229, as the 
value deduced in the original paper is not consistent with its Arrhenius plot. 
 
In terms of electronic conductivity, we use the Kohn–Sham band gaps determined from DFT cal-
culations as a rough indicator in Table 3.2. This is approximate, but true electronic polaron calcu-
lations231 are extremely time consuming and their quantitative accuracy can be debated. Because 
the band gap calculated using LDA/GGA is underestimated,232 we used the calculated band gap 
values as the lower bounds for the real band gap. As observed in the sixth column in Table 3.2, all 
the coatings have relatively large band gaps above 2.2 eV, indicating low expected electronic con-
ductivity. As a reference, the calculated band gap for a fully lithiated NCM cathode is 1.5 eV. To 
improve the electrochemical stability at the coating/SSE interface, the coating must have an elec-
tronic conductivity that is at least lower than that of NCM. Thus, from the band gap indicator 
results, all these coatings should meet this requirement. The experimentally measured electronic 
conductivity of LiTi2(PO4) is approximately 10−9 S/cm,233 which is much lower than that of NCM 
(10−2–10−7 S/cm).234 This result is consistent with the electronic conductivity assessment based on 
the DFT-calculated band gap. Therefore, all the coatings listed in Table 3.2 have the potential to 
have low electronic conductivity and meet Property 4. However, as stated in the Initial Screening, 
when the coating contains point defects that create carriers in the valence or conduction band206 or 
is in amorphous form, both of which are likely to happen during the synthesis and coating pro-
cesses, it is possible that the actual electronic conductivity of these polyanionic coatings are non-
negligible despite their computed wide Kohn-Sham band gaps. 
 

Coatings ICSD # 

Calculated 
migration 

barrier 
(eV) 

Experimental 
activation en-

ergy (eV) 

Experimental ionic 
conductivity (S/cm) 

Kohn–
Sham 
band 

gap (eV) 

Experi-
mental 

electronic 
conductiv-
ity at R.T. 

(S/cm) 
Li2ZrO3 31941 0.48 0.5225, 0.68226 ~10-4 (598 K)226 3.99 -- 
LiH2PO4 100200 0.33 --a -- 6.30 -- 

LiTi2(PO4)3 95979 0.42 0.47227 ~10-6 (333 K)227 2.26 (~10−9)233 
LiBa(B3O5)3 93013 1.96 -- -- 6.20 -- 

LiPO3 51630 0.40 1.40230 2.5×10-8 (553 
K)230 5.60 -- 

LiLa(PO3)4 416877 1.39 0.92b,229 6.35×10-8 (553 
K)229 5.22 -- 

LiCs(PO3)2 62514 1.27 1.31228 ~10-8 (573 K)228 5.65 -- 



 

 60 

3.3 Discussion 

Interface compatibility has been a well-known issue in the development of SSBs. For some SSEs 
such as LiPON, decomposition at high voltage leads to the formation of an SEI layer through a 
self-limiting reaction.235 The phases in these SEI layers typically have extended oxidation stability 
and also conduct Li ions but prohibit electron transport, passivating the cathode/SSE interface.81,82 
For other SSEs, such as sulfides, the interfacial resistance continues to grow upon cycling, causing 
rapid capacity fade.83 Coating these non-passivating systems can be viewed as creating an artificial 
SEI. The advantage of coating is the control over the thickness and composition of the coating. 
While a non-artificial SEI layer results from reacting an arbitrary amount of cathode and SSE, and 
interdiffusion of elements can extend as far as 50 nm from the interface, impeding ion transport 
through the thick SEI layer.76 In contrast, a coating layer can have a well-controlled chemistry, 
composition, and thickness of approximately 1–10 nm.76,115,121,236 
 
3.3.1 Strong bonding with O improves coating stability 
Polyanionic oxide coatings appear promising due to their generally high oxidation stability and 
smaller chemical reactivity with thiophosphate solid electrolytes. For example, in the case of phos-
phates the latter is due to the fact that no O-S exchange occurs between the SSE and the coating 
as all phosphorus in the coating is already bonded with oxygen. On the other hand, any phosphate 
in contact with a readily available source of Li (such as a discharged cathode or an SSE) will still 
have a tendency to react, driven by the very favorable formation of Li3PO4. 
 
Table 3.3 Oxidation limits and decomposition products for non-polyanionic oxides and pol-
yanionic oxides with similar cation chemistry 

 
Polyanionic oxides have a higher oxidation limit due to the covalency of oxygen with the non-
metal cation in the polyanion. The breakdown of a coating at the oxidation limit likely starts by 
extraction of an electron and a Li ion. Because the O2− states are the highest occupied state in these 
coating oxides, they set the oxidation limit, and electron removal from them leads to the formation 
of peroxides, superoxides, or possibly even O2 gas. Strong hybridization (covalency) of these ox-
ygen states with a main group cation pushes them down in energy and effectively protects them 
from oxidation. This is similar to the understanding of anion oxidation in cathode materials.237 
Table 3.3 demonstrates this effect by comparing the oxidation limits and decomposition products 
for six non-polyanionic oxides and polyanionic oxides with similar cation chemistry. It can be 
observed that oxygen anions are oxidized at high voltage to form O2 gas, similar to the O2 loss 

Non-polyan-
ionic oxides 

Oxidation 
limit (V) 

Decomposition 
products at 

oxidation limit 

Polyanionic 
oxides 

Oxidation 
limit (V) 

Decomposition 
products at 

oxidation limit 

Li2ZrO3 3.44 ZrO2, O2 LiZr2(PO4)3 4.52 Zr2P2O9, 
ZrP2O7, O2 

LiTa3O8 4.09 Ta2O5, O2 Li2Ta2(P2O7)3 5.44 P2O5, TaPO5, 
O2 

LiCr3O8 4.26 Cr5O12, O2 LiCrP2O7 4.61 Cr(PO3)3, 
CrPO4, O2 
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observed at the surface of the cathode upon the first charge.238,239 Polyanionic oxides, however, 
exhibit significantly higher oxidation limits than their non-polyanionic oxide counterparts. 
 

  
Figure 3.6 Distribution of oxidation limit for ortho-phosphates (PO43−), pyro-phosphates 
(P2O74−), and meta-phosphates (PO3−) that pass the phase stability filter (filter 2).  
The violin plot shows the kernel density estimation of the distribution, and the inner box spans the 
interquartile range (IQR) of the distribution, with the whiskers extending the box by 1.5×IQR on 
both sides. The white dot inside the box denotes the median. 

We further explored the class of phosphate compounds to determine the correlation between the 
nature of bonding and oxidation limits. Figure 3.6 presents a violin plot of the distribution of the 
oxidation limit for the 150 phosphates that pass the phase stability filter (filter 2). They can be 
categorized into ortho-phosphates (31), pyro-phosphates (23), and meta-phosphates (96). In gen-
eral, the PO3− group in the meta-phosphates exhibits the highest oxidation limits, followed by the 
pyro-phosphates with the P2O74− group. Ortho-phosphates with the PO43− group possess the lowest 
median oxidation limit among all the phosphates. Condensation of the polyhedral units decreases 
the O/P ratio in the sequence PO43−, P2O74−, PO3− and enhances the hybridization of each O with 
P, thereby increasing the oxidation limit. This phenomenon is reminiscent of the increase of inter-
calation voltage in phosphate cathodes with decreasing O/P ratio due to the inductive effect.240 In 
fact, both the increase of oxidation limit and the intercalation voltage can be attributed to the en-
hanced covalency in P-O bonding during phosphate condensation.241 
 
This hybridization protection of oxygen can to some extent also be observed in the high oxidation 
limits of LiNbO3 and LiTaO3 oxide coatings.  As 4d and 5d early transition metals, Nb and Ta 
have less contracted d orbitals than later TM or 3d metals, providing good hybridization for the 
oxygen states in these materials.  While these oxides do not have as high an oxidation limit as 
some of the phosphate coatings, they have the benefit of very low reactivity with many oxide 
cathodes as no Li3PO4 formation is possible.  As such, they may be an excellent compromise when 
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high temperature operations are needed to create the coated cathode materials or to process them 
in a device. Unfortunately, with thiophosphate SSEs there will be some driving force to for LiNbO3 
and LiTaO3 to exchange S and O and produce PO4 groups. But they are expected to be ideal as a 
buffer layer between LLZO and oxide cathodes if they can be kinetically stabilized at high voltage 
(Figure 3.5). 
 
Lithium borates form an interesting, and fairly unexplored alternative to phosphate coatings. The 
recent application of Li3BO3 and Li3BO3-Li2CO3 as cathode coatings have shown their potential 
for interfacial protection.123 Similar to phosphorus, boron provides oxygen with substantial oxida-
tion protection through strong hybridization. Therefore, the borate in our down-selected list has 
very low reactivity with both cathodes and SSEs likely due to the even stronger B-O bonds than 
P-O bonds, as indicated by their bond dissociation energies (597 kJ/mol for P-O bond vs. 806 
kJ/mol for B-O bond).221 
 

  
Figure 3.7 Correlation between oxidation limit and Li atomic fraction in polyanionic oxides 
(A) Oxidation limit vs. Li atomic fraction for the 411 polyanionic oxides (polyanions) that pass 
the phase stability screening (filter 2). The red dots denote the 66 polyanionic oxides that pass 
chemical stability screening (filter 5). The green dashed horizontal line marks the oxidation limit 
= 4.5 V vs. Li metal. The blue dashed line is the linear trend line. (B) Maximum Li atomic fraction 
vs. oxidation limit for the 411 polyanionic oxides that pass the phase stability screening (filter 2). 
A point (x, y) in the profile means that all polyanionic oxides with an oxidation limit of x or higher 
have a maximum Li atomic fraction of y. LiPO3 is marked by the black arrows. 

3.3.2 Trade-offs 
Despite the high electrochemical stability of polyanionic oxides, we note that there is a trade-off 
between a high ionic conductivity and a high oxidation limit in these materials. For example, 
LiCs(PO3)2 exhibits an extremely high oxidation limit of 6.2 V; however, its high Li ion migration 
barrier (1.27 eV) may prevent its use as a cathode coating. The same problem also exists for 
LiBa(B3O5)3 and LiLa(PO3)4, as observed in Table 3.2, and other phosphates with high oxidation 
limits shown in Table 3.S1, such as LiGd(PO3)4 (Vox = 5.30 V, Ea = 0.96 eV242), LiK(PO3)2 (Vox = 
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5.09 V, Ea = 1.89 eV228), and LiDy(PO3)4 (Vox = 4.86 V, Ea = 0.96 eV243). The trade-off can be 
understood by considering the correlation between the oxidation limit and Li content in the mate-
rial. Figure 3.7A shows the oxidation limits of all 411 Li-containing polyanionic oxides that pass 
the phase stability filter (filter 2) as a function of their Li atomic fraction (i.e., the ratio of the 
number of Li atoms to the total number of atoms in the chemical formula). From the blue trend 
line calculated by the linear fitting of the data points in Figure 3.7A, it can be observed that in 
general, the oxidation limit decreases with increasing Li fraction for polyanionic oxides. Figure 
3.7B is a plot of the maximum Li fraction as a function of oxidation limit for polyanion oxides 
passing filter 2. For example, the point marked by “LiPO3” in Figure 3.7B has coordinates (5 V, 
0.20), meaning that for polyanionic oxides an oxidation limit of 5 V or higher can only be observed 
in compounds with Li atomic fraction no greater than 0.20. Figure 3.7B shows that the maximum 
Li fraction decreases drastically at an oxidation limit above 4 V. The low Li fraction in turn indi-
cates a large Li–Li distance and/or low Li–Li coordination number in the material. Both of these 
factors were observed to be negatively correlated to ionic conductivity in a recent statistical learn-
ing study of Li ion conductors.67 The decreased oxidation limit as the Li content increases may 
simply be a consequence of the fact that the chemical potential of Li tends to increase as more Li 
is present in a material.  But it is also likely related to the fact that Li removal from a stoichiometry 
is accompanied by oxygen removal, which in the case of phosphates correlates with the conden-
sation of PO43− units. The condensation in turn increases the oxygen covalency, as previously ar-
gued. On the other hand, although Figure 3.7B indicates that high oxidation stability can only be 
achieved in low Li-fraction polyanionic oxides, it is certainly possible that a large overpotential 
required for O2 gas evolution (as is for example the case for LLZO104) enables higher Li-fraction 
compounds to be kinetically stabilized at a given voltage. For example, if Li3PO4 (Vox = 4.22 V) 
is kinetically stabilized at 5 V, the limit of Li fraction would increase from 0.20 (in LiPO3) to 0.38 
(in Li3PO4) at that voltage. 
 
In Figure 3.7A, we also highlight in red the 66 polyanionic oxides that pass the chemical reactivity 
screening (filter 5), 25 of which have an oxidation limit ≥ 4.5 V (green dashed line). Among the 
25 compounds, LiPO3 has the highest Li atomic fraction of 20%. The resulting small Li–Li hop-
ping distance in LiPO3 contributes to the low calculated activation energy for Li vacancy migration 
of 0.4 eV in crystalline form and 0.72 eV measured in glassy form.230 Therefore, LiPO3 combines 
the advantages of excellent high voltage stability (5 V) and a low migration barrier. In fact, the use 
of LiPO3 on the high-voltage cathode LiNi0.5Mn1.5O4 has been demonstrated to enhance the rate 
performance and cyclability in a liquid electrolyte cell.236 For cathodes with a lower cut-off voltage 
smaller than 4.5 V (e.g., NCM and LiCoO2), the electrochemical stability requirement is less strin-
gent. In this case, we expect that using LiH2PO4 or LiTi2(PO4)3 with an oxidation limit of 4.6 V as 
a cathode coating can also result in good cell performance. Indeed, when charged to 4.6 V, 
LiTi2(PO4)3 coating enhanced the capacity retention and rate capacity of a Li1.5Ni0.25Mn0.75O2+δ 
cathode in a conventional Li-ion battery.211 
 
3.3.3 Challenges with the current coating strategy 
Beyond the screening requirements used in this work, there are many other challenges associated 
with designing an optimal cathode composite. For example, the formation of electronically con-
ductive interphase products at the coating/electrolyte interface would make the coating a mixed 
conductor and compromise its functionality. At the coating/sulfide interface, there is a driving 
force for the transition metals to form transition metal sulfides and lithium transition metal sulfides 
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as reaction products. These transition metal sulfides typically have non-negligible electronic con-
ductivity.244–246 Thus, to further optimize the coating composition, the transition metal content in 
cathode coating materials should be reduced. In this sense, LiH2PO4 and LiPO3 are better choices 
than LiTi2(PO4)3 when paired with sulfide electrolytes. On the other hand, LiH2PO4 may poten-
tially produce H2O and H2S gas at the interfaces with some oxides and sulfides respectively (Table 
3.S4 and 3.S5). However, we expect the amount of these to be small given that the other products 
are passivating. These volatile products could be removed in the pre-treatment procedures such as 
annealing, sintering/hot-pressing and vacuum drying. Another side reaction maybe that LiH2PO4 
exchanges protons with Li ions in LiCoO2 (or NCM), forming H-inserted CoO2 (HCoO2) and 
Li3PO4 (Table 3.S4). According to the data in Table 3.S2 this exchange reaction is thermodynam-
ically favored with a driving force around 60 meV/atom. The fact that both proton247 and Li+ have 
good mobility in LiH2PO4 may facilitate the reaction at room temperature. For spinel LiMn2O4 
cathode, similar exchange reaction to form H-inserted Mn2O4 (HMn2O4) and Li3PO4 has a small 
driving force (4 meV/atom), while for olivine LiFePO4 cathode the exchange reaction to form H-
inserted FePO4 (HFePO4) and Li3PO4 is not thermodynamically favorable.  
 
Furthermore, despite the improved performance when applying a cathode coating, there is an in-
herent paradox of the general cathode coating strategy: a perfect coating that stabilizes the solid 
electrolyte from oxidation must be electronically isolating; however, the lack of electronic con-
ductivity in the coating would completely prevent active material redox. This phenomenon can be 
observed in coatings that are too thick and prevent appropriate cycling.248 This paradox suggests 
that coatings should either still allow some level of free electron transport or the coatings should 
be imperfect, allowing the exposed surfaces of the cathode particles to form percolating electronic 
conduction pathways with the electronically conductive additive and current collector. Figure 3.8 
presents a schematic illustration of a coated cathode composite with various interfaces highlighted. 
Although an imperfect coating would allow contact of the cathode and carbon, it also opens the 
door for the exposed part of the cathode to contact with the electrolyte, possibly contributing to 
the observed continuous impedance growth and capacity fade even in cells with a cathode coat-
ing.118,124 Ultimately, to resolve this paradox, an improved morphological design of the different 
components in the composite cathode might be needed. 
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Figure 3.8 Various interfaces in a coated cathode composite.  
The general coating strategy only considers the SSE/coating and coating/cathode interfaces, 
whereas materials decomposition under electrochemical cycling can still occur at other interfaces, 
i.e., the current collector/SSE, SSE/cathode (imperfect coating), and SSE/carbon interfaces. 

Another issue is the oxidation of the solid-state electrolyte at the interfaces with the conductive 
additive (e.g., carbon) and current collector, where the electrolyte is subject to the full cathode 
voltage (Figure 3.8). As a result, thiophosphate decomposition is unavoidable when using a strat-
egy of only coating the cathode, and degradation at these interfaces will form ionically insulating 
“dead space” in electrolyte particles.84,249 In principle, because neither electron transfer nor Li ion 
transfer is required at these interfaces, the decomposition of thiophosphates should not immedi-
ately affect the low-rate cell performance. However, “dead space” will negatively affect the ionic 
conductivity of thiophosphate particles and therefore increase the internal resistance of the cell. 
Thus far, the extent of this “dead space” effect remains unknown. 
 
Application of coatings to a cathode can lead to either an amorphous119,120 or crystalline form on 
the cathode surface. Although our studies focused on crystalline coating compounds, we expect 
the chemical and electrochemical stability to be similar to their amorphous counterparts. As dis-
cussed before in the case of LiPO3, the ionic conductivity may however be different. In fact, in 
some coatings such as LiNbO3, amorphous coatings exhibit higher ionic conductivity than their 
crystalline counterparts.250 We note that both the six polyanionic oxides considered in the current 
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study and the other polyanionic oxides in Table 3.S1 mostly consist of phosphates and borates, 
and in these materials, favorable Li ion conduction has been reported for their glass form.251,252 
 
3.3.4 Coating selection  
From our results, it is clear that the choice of a coating material needs to be carefully tuned to a 
specific SSE/cathode combination. For example, Li2ZrO3 has the best chemical compatibility at 
the LMO/LLZO interface among all oxides coatings, whereas the lithium borate is the most stable 
chemistry for cathode/thiophosphate interfaces (Figure 3.5). It should also be expected that the 
choice of coating is dependent on the processing techniques that will be used to create the SSB. 
For example, if high temperature sintering is required to integrate the SSE and cathode particles,41 
then the chemical stability at cathode/coating and SSE/coating may be an overriding concern as 
interdiffusion of elements is accelerated at elevated temperature.108,160  If batteries are cold-formed 
(e.g. by pressing) or mild thermal treatment, then electrochemical stability and lithium ionic con-
ductivity may be more important issues.83  
 
Finally, we make recommendations for coating materials in Figure 3.9 for various cathode/SSE 
interfaces under different processing conditions (sintering/hot-pressing/cold-pressing). Lithium 
borates are recommended for all interfaces because many compounds in this category show excel-
lent chemical stability and high oxidation limits as shown in Table 3.S1. Although our NEB result 
indicates that LiBa(B3O5)3 has a high migration barrier for lithium ion conduction, it is possible 
that other borates with higher Li content exhibit reasonable ionic conductivity. Phosphate coatings 
are recommended to be paired with sulfide SSEs but not with LLZO, because their reactivity with 
LLZO is high and the fact that processing LLZO incurs high temperature. On the contrary, oxide 
coatings such as LiNbO3 and LiTaO3 are recommended for pairing with LLZO, with sulfide SSEs 
they are not optimal because of the high chemical reactivity. As shown before, oxide coatings are 
featured by their remarkable chemical stability with oxide cathodes, although at high voltage they 
are electrochemically metastable. Thus, the charging voltage of oxide cathodes may need to be 
limited when coated with these oxide coatings. 
 

3.4 Conclusions 

In summary, we have developed a computational framework to search for cathode coatings in a 
high-throughput manner. Phase stability, electrochemical stability, chemical reactivity, and ionic 
and electronic conductivity were used as screening criteria, and the following trends were observed: 

1. Because of the high covalency of oxygen, polyanionic oxides have higher oxidation limits 
and lower reactivity with thiophosphate electrolytes than conventional ternary metal oxide 
coatings. 

2. In general, there is a trade-off between oxidation stability and ionic conductivity in Li-
containing polyanionic oxides. Although a high oxidation limit indicates a low Li content 
in the compound, a high ionic conductivity is correlated to a high Li content.  

 
Six polyanionic oxide coatings were examined in greater detail. Lithium borates such as 
LiBa(B3O5)3 possess excellent electrochemical and chemical stability but may suffer from poor 
ionic conductivity at low lithium content. Furthermore, three phosphate compounds LiH2PO4, 
LiTi2(PO4)3, LiPO3 with good overall characteristics are highlighted for their superior properties 
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as cathode coating materials in solid-state batteries. Based on the results from high-throughput 
screening and detailed case studies, we make specific recommendations of coating materials for 
various cathode/SSE interfaces. 
 

  
Figure 3.9 Coating recommendations for various cathode/SSE interfaces under different 
processing conditions.  
(A) Oxide cathode/sulfide SSE. (B) Oxide cathode/LLZO. (C) LFPO/sulfide SSE. (D) 
LFPO/LLZO. 

3.5 Methods 

First-Principles calculations of bulk energies and band gaps 
To calculate the bulk energies and Kohn–Sham band gaps of crystalline materials in the database, 
we used DFT within the PAW formalism185, as implemented in the VASP.253 For the exchange-
correlational functional, we employ a mixed scheme of the GGA187 and GGA with the rotationally 
invariant Hubbard (+U) correction,189,254 as described in previous work by Jain et al.190 An energy 
cut-off of 520 eV and a k-point grid of at least 500/natom was used for all the calculations. Similar 
data sets are available online as part of the Materials Project.159 
 
Phase stability evaluation 
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The phase stability of each material was evaluated by computing the lower energy convex hull and 
corresponding canonical phase diagram at 0 K formed by the ground-state phases in the chemical 
space defined by all the elements in the material. To construct the convex hull and canonical phase 
diagram, all known crystalline materials in the chemical space were included and processed using 
Pymatgen software package.157 As a result, materials with an energy above the convex hull are 
expected to decompose into its nearest phases on the convex hull, as this decomposition would 
lower the total energy of the system. The nearest phases are uniquely defined as the phases that 
determine the Gibbs triangle (the low-energy facet), which contains the desired composition in the 
phase diagram. In contrast, materials with an energy exactly on the convex hull are thermodynam-
ically stable against decomposition and therefore pass the phase stability filter. Note that in this 
work, materials with energies < 0.005 eV/atom above the convex hull also pass the phase stability 
filter, as they are considered to be stable within DFT or temperature error. 
 
Electrochemical stability window calculation 
The calculation of the electrochemical stability window follows the methodology used in the ear-
lier work.19,81,160 For any lithium chemical potential µ6-, we consider the grand potential Φ of a 
compound using Equation 1, where	c is the composition of the material, E[c] is the enthalpy and 
n6-[c] is the Li concentration of composition c. 

Φ[c, µ6-] = E[c] − n6-[c]µ6-                                                 (1) 
For the stability and reaction energy calculations, materials that are metastable (e.g., Li10GeP2S12 ) 
are placed exactly on the convex hull to account for the change in free energy when temperature 
is increased from 0 K to elevated temperature. Similar to using the DFT energy to construct the 
energy convex hull and canonical phase diagram, one can use the grand potential of materials at 
given lithium chemical potential µ6- to construct the grand potential convex hull and grand poten-
tial phase diagram. The range of µ6-, [µ)<, µ,#"], over which the material is stable in the grand 
potential phase diagram can be converted into the electrochemical stability window [V,#", V)<] 
using Equation 2 and 3, where µ6->  is the Li chemical potential of Li metal and e is the elementary 
charge. 

V,#" = (µ6-> −	µ,#")/e                                                          (2) 
V)< = (µ6-> −	µ)<)/e                                                           (3) 

 
Chemical mixing reaction energy 
The calculation of the chemical reaction energy at the solid/solid interfaces (cathode/SSE, cath-
ode/coating, and SSE/coating) followed the methodology used by Richards et al.81 For two crys-
talline reactants A and B, the reaction energy ΔErxt was determined by considering the mixing ratio 
x that yielded the largest reaction driving force according to Equation 4, where cD and cE	are the 
compositions of reactants A and B normalized by their numbers of atoms, respectively; E*"[c] is 
the energy of the ground-state structure or phase equilibrium at composition c determined from 
the convex hull. Note that ΔErxt has the unit of eV/atom or meV/atom as it is normalized by the 
number of atoms in the reaction. 

ΔΕ,<& = min<∈[>,J]{E*"[xcD + (1 − x)cE] − xE[cD] − (1 − x)E[cE]}                  (4) 
 
NEB calculations 
To study the Li ion diffusion in the coatings, we performed climbing-image NEB calculations191,255 
for the single-vacancy migration mechanism. For each material, we only considered the crystal 
structure with the lowest energy in the database. The vacancy was created by removing one Li ion 
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from the pristine structure, and the defect charge was compensated by a uniform background 
charge to retain the oxidation state for all ions. An energy cutoff of 400 eV was used for all the 
NEB calculations. 
 

3.6 Supporting information 
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Figure 3.S1 Crystal structures and Li vacancy percolating pathways for Li2ZrO3 and the six 
polyanionic oxides.  
Li vacancy positions are labeled by numbers. Green balls: Li vacancies; yellow tetrahedrons: LiO4; 
brown octahedrons: ZrO6; purple tetrahedrons: PO4; blue octahedrons: TiO6; pink polyhedrons: 
BaO12; cyan triangles and tetrahedrons: BO3 and BO4; red polyhedrons: LaO8; CsO8 polyhedrons 
are not shown for clarity. (A) Li2ZrO3 (1 → 2 → 3 → 4 → 1). (B) LiH2PO4 (1 → 2 → 3 → 4 → 
1). (C) LiTi2(PO4)3 (1 → 2 → 3 → 4 → 1). (D) LiBa(B3O5)3 (1 → 2 → 3 → 4 → 1). (E) LiPO3 (1 
→ 2 → 3 → 4 → 5 → 6 → 7 → 8 → 1). (F) LiLa(PO3)4 (1 → 2 → 3 → 4 → 1). (G) LiCs(PO3)2 
(1 → 2 → 3 → 4 → 5 → 6 → 7 → 8 → 1). 
 
Table 3.S1 List of 106 ICSD compounds out of 184 total compounds that pass chemical sta-
bility screening (filter 4). 
Vred and Vox are the reduction limit and oxidation limit of electrochemical stability window in V 
vs. Li metal, respectively; ΔErxt is the reaction energy of a material with cathode or electrolyte in 
eV/atom. Compounds are clustered by their anion types: Cl: chlorides; F: fluorides; NP: non-pol-
yanionic oxides; OF: oxyfluorides; P: polyanionic oxides, and then ranked by Vox in decreasing 
order within each cluster. Compounds with a trailing star (*) are the ones picked for detailed sta-
bility and conductivity studies.  

Compounds Type Vred Vox ΔErxt w/. 
LPS 

ΔErxt 
w/. fully lithi-

ated NCM 

ΔErxt 
w/. half-
lithiated 

NCM 
LiGaCl4 Cl 2.11 4.51 -0.084 -0.062 -0.035 

LiCs2YCl6 Cl 0.43 4.38 0.000 -0.019 -0.023 
LiCs2LuCl6 Cl 0.43 4.36 0.000 -0.031 -0.027 
LiCs2ScCl6 Cl 0.63 4.34 -0.010 -0.038 -0.030 
LiCs2InCl6 Cl 2.01 4.3 -0.038 -0.012 -0.020 

LiCsCl2 Cl 0 4.27 0.000 0.000 -0.017 
LiCl Cl 0 4.25 0.000 0.000 -0.013 

LiRbCl2 Cl 0 4.25 0.000 0.000 -0.016 
LiGdCl4 Cl 0.76 4.25 -0.049 -0.058 -0.034 
Li2ZnCl4 Cl 1.96 4.25 -0.067 -0.020 -0.022 

LiBF4 F 1.96 7.15 -0.008 -0.099 -0.031 
LiCaGaF6 F 2.25 6.84 -0.092 -0.070 -0.011 

LiHF2 F 2.46 6.81 -0.063 -0.089 -0.041 
LiCs2Al3F12 F 1.07 6.8 -0.023 -0.039 -0.002 

Li2TiF6 F 2.15 6.73 -0.065 -0.083 -0.019 
Li2CaHfF8 F 1.03 6.73 0.000 -0.052 -0.005 

Li2SiF6 F 1.87 6.69 -0.005 -0.094 -0.032 
Li3Zr4F19 F 1.47 6.67 -0.035 -0.076 -0.017 
LiCaAlF6 F 1.09 6.65 0.000 -0.042 -0.003 

LiYF4 F 0.37 6.64 0.000 -0.016 0.000 
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Li2HfF6 F 1.05 6.64 0.000 -0.060 -0.006 
LiSrAlF6 F 1.08 6.63 -0.007 -0.041 -0.003 
LiKBeF4 F 0.81 6.61 -0.022 -0.026 -0.002 
LiK2AlF6 F 0.88 6.61 -0.029 -0.016 0.000 

Li3Na3Al2F12 F 0.99 6.59 0.000 -0.026 -0.001 
Li2ZrF6 F 1.26 6.56 -0.017 -0.064 -0.007 

Li2RbBe2F7 F 0.85 6.56 -0.007 -0.037 -0.003 
LiBaZr2F11 F 1.35 6.53 -0.039 -0.066 -0.009 

Li2BeF4 F 0.9 6.52 0.000 -0.044 -0.004 
Li3GaF6 F 2.26 6.52 -0.087 -0.067 -0.010 

LiBaAlF6 F 1.05 6.52 -0.034 -0.038 -0.002 
LiCsBeF4 F 0.75 6.52 -0.001 -0.021 0.000 
Li3AlF6 F 1.09 6.5 0.000 -0.040 -0.003 

Li3Na3In2F12 F 2.44 6.47 -0.095 -0.054 -0.007 
Li4ZrF8 F 1.21 6.41 -0.012 -0.056 -0.006 

Li3Na3Sc2F12 F 0.53 6.4 -0.007 -0.026 0.000 
LiF F 0 6.39 0.000 0.000 0.000 

LiKYF5 F 0.35 6.39 -0.037 -0.008 0.000 
LiLuF4 F 0.31 6.32 0.000 -0.021 0.000 
LiCsF2 F 0.61 5.98 -0.046 0.000 0.000 

LiCaCrF6 F 2.52 5.33 -0.093 -0.069 -0.035 
LiBaCrF6 F 2.4 5.24 -0.099 -0.067 -0.033 
Li3CrF6 F 2.5 5.12 -0.087 -0.067 -0.034 

Li3Na3Cr2F12 F 2.23 5.11 -0.080 -0.052 -0.022 
Li2K5NdF10 F 0.58 4.99 -0.096 -0.025 -0.020 
Li3V(H4O3)4 NP 1.92 4.17 -0.093 0.000 0.000 

LiAl5O8 NP 0.85 4.09 0.000 -0.015 0.000 
LiB6O9F OF 1.92 4.77 0.000 -0.051 -0.010 

LiKMg2Si4(O5F)2 OF 1.13 4.58 0.000 -0.007 0.000 
LiCrPO4F OF 2.55 4.52 -0.090 -0.066 -0.037 

Li2Ca3Be3Si3(O6F)2 OF 1.01 4.04 -0.028 -0.001 0.000 
LiCs(PO3)2* P 2.15 6.23 -0.063 -0.062 -0.013 
LiGd(PO3)4 P 2.52 5.3 -0.034 -0.095 -0.037 
LiSm(PO3)4 P 2.5 5.19 -0.034 -0.095 -0.038 
LiK(PO3)2 P 2.41 5.09 -0.048 -0.075 -0.029 

LiLa(PO3)4* P 2.51 5.03 -0.035 -0.095 -0.038 
LiPO3* P 2.52 5.01 -0.030 -0.089 -0.035 

LiAl(PO3)4 P 2.61 5.01 -0.042 -0.100 -0.042 
LiSr(B3O5)3 P 1.63 4.89 -0.007 -0.018 -0.002 
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LiY(PO3)4 P 2.59 4.87 -0.040 -0.099 -0.041 
LiDy(PO3)4 P 2.6 4.86 -0.041 -0.099 -0.042 

LiBa(B3O5)3* P 1.3 4.83 -0.001 -0.010 0.000 
Li3Ba2(PO3)7 P 2.63 4.77 -0.054 -0.094 -0.038 

LiH2B5O9 P 1.86 4.7 0.000 -0.020 -0.001 
LiInP2O7 P 2.41 4.61 -0.087 -0.067 -0.012 

LiTi2(PO4)3* P 2.37 4.59 -0.046 -0.072 -0.014 
LiH2PO4* P 2.23 4.58 -0.021 -0.058 -0.015 

LiCs(B3O5)2 P 1.14 4.52 0.000 0.000 0.000 
LiZr2(PO4)3 P 2.06 4.52 -0.005 -0.057 -0.005 
LiScP2O7 P 2.29 4.51 -0.005 -0.057 -0.015 

Li4Be3P3ClO12 P 1.75 4.5 0.000 -0.028 -0.013 
LiCrPHO5 P 2.22 4.46 -0.078 -0.047 -0.023 

Li4Be3P3BrO12 P 1.74 4.43 0.000 -0.027 -0.009 
LiKZnP2O7 P 2.3 4.43 -0.085 -0.050 -0.014 

LiCa9Mg(PO4)7 P 1.38 4.43 -0.017 -0.002 0.000 
LiCs2Al(PO4)2 P 1.6 4.43 -0.041 -0.015 0.000 

Li4P2O7 P 2.33 4.36 -0.007 -0.051 -0.015 
LiB3O5 P 2.09 4.35 -0.003 -0.021 -0.008 

Li3B7O12 P 1.36 4.35 0.000 -0.011 0.000 
Li2InP2HO8 P 2.36 4.31 -0.073 -0.054 -0.007 
Li2ScP2HO8 P 2.16 4.31 -0.003 -0.042 -0.005 
Li9Ga3P8O29 P 2.42 4.26 -0.061 -0.067 -0.016 
Li2Al(BO2)5 P 1.62 4.25 0.000 -0.013 0.000 

LiMgPO4 P 1.63 4.23 0.000 -0.024 -0.001 
Li3Sc2(PO4)3 P 1.9 4.23 0.000 -0.040 -0.003 

Li3PO4 P 0.71 4.22 0.000 0.000 0.000 
Li4Zn(PO4)2 P 2.14 4.22 -0.063 -0.028 -0.003 
LiB3P(HO3)3 P 2.33 4.22 -0.012 -0.050 -0.015 
Li4Co(PO4)2 P 2.66 4.19 -0.084 -0.030 -0.017 

LiTaSiO5 P 1.55 4.17 -0.098 -0.012 0.000 
Li2TiIn(PO4)3 P 2.52 4.16 -0.073 -0.065 -0.011 

LiTiPO5 P 2.37 4.15 -0.056 -0.061 -0.011 
LiMn(PO3)3 P 2.6 4.13 -0.094 -0.099 -0.055 
LiAl(Si2O5)2 P 1.34 4.12 0.000 -0.023 -0.001 

LiCaPO4 P 1.25 4.1 -0.018 0.000 0.000 
LiAl(SiO3)2 P 1.33 4.1 0.000 -0.017 -0.001 
LiAlSiO4 P 1.14 4.09 0.000 -0.009 0.000 

LiNa2AlP2H2O9 P 2.12 4.08 -0.028 -0.031 -0.004 
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LiNaZr(Si2O5)3 P 1.29 4.07 -0.020 -0.018 0.000 
LiAlPHO5 P 2.02 4.06 -0.010 -0.042 -0.004 

LiTi3MnCr(PO4)6 P 2.68 4.05 -0.078 -0.076 -0.032 
Li2NaPO4 P 0.71 4.02 -0.030 0.000 0.000 

Li3Cr2(PO4)3 P 2.67 4.02 -0.081 -0.063 -0.034 
Li2Cs4 (Si2O5)3 P 0.96 4.02 -0.065 0.000 0.000 

Li4B7O12Cl P 1.39 4.01 0.000 -0.010 -0.013 
Li3KZr2(Si2O5)6 P 1.29 4.01 -0.012 -0.018 0.000 

 
Table 3.S2 Reaction energies ΔErxt at fully lithiated cathode/SSE, fully lithiated cathode/coat-
ing and coating/SSE interfaces in meV/atom. 
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Table 3.S3 Reaction energies ΔErxt at half-lithiated cathode/SSE and half-lithiated cath-
ode/coating interfaces in meV/atom. 
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Table 3.S4 Chemical reaction products from the most favorable reactions at cathodes/coat-
ing interfaces or cathode/SSE interfaces. 

Interfaces Fully lithiated cathode Half-lithiated cathode 

NCM/Li2ZrO3 stable LiNiO2, NiO, Li2MnO3, ZrO2, 
Li2Co3NiO8 

LiCoO2/ Li2ZrO3 stable Li2CoO3, LiCoO2, ZrO2 
LiMn2O4/Li2ZrO3 LiMnO2, Li2MnO3, ZrO2 Li2MnO3, LiMnO2, ZrO2 

LiFePO4/Li2ZrO3 Li3PO4, FeO, ZrO2 ZrO2, Li3PO4, Fe3O4, FeO 

NCM/LiNbO3 Li3NbO4, LiMnCoO4, NiO stable 
LiCoO2/LiNbO3 stable stable 

LiMn2O4/LiNbO3 stable Mn2O3, Li5Mn7O16, Nb2O5 

LiFePO4/LiNbO3 Nb2FeO6, Li3PO4 Li3PO4, Nb2FeO6, Fe2O3, 
Nb2O5 

NCM/LiTaO3 stable stable 
LiCoO2/LiTaO3 stable stable 

LiMn2O4/LiTaO3 stable Li5Mn7O16, LiTa3O8, Mn2O3 

LiFePO4/LiTaO3 Ta2FeO6, Li3PO4 
Li3PO4, TaFeO4, Ta2FeO6, 

TaPO5 

NCM/LiH2PO4 HCoO2, Li3PO4, Li2Mn3NiO8, 
Ni(HO)2 

Ni3P2(HO)16, O2, Li3PO4, 
LiMnCoO4, Ni3(PO4)2 

LiCoO2/LiH2PO4 HCoO2, Li3PO4 HCoO2, CoO2, Li3PO4 

LiMn2O4/LiH2PO4 MnPH2O5, Li3PO4, H2O, MnO2 
MnO2, Li3PO4, MnPH2O5, 

H2O 
LiFePO4/LiH2PO4 stable stable 

NCM/LiTi2(PO4)3 LiMnCoO4, Li3PO4, Ti(NiO2)2 
O2, LiMnCoO4, TiO2, Li3PO4, 

Ni3(PO4)2 

LiCoO2/LiTi2(PO4)3 
Co3O4, TiO2, Li5(CoO2)12, 

Li3PO4 Co3O4, CoO2, TiO2, Li3PO4 

LiMn2O4/LiTi2(PO4)3 MnO2, Mn2O3, TiO2, Li3PO4 Mn2O3, Li3PO4, TiO2, MnO2 
LiFePO4/LiTi2(PO4)3 stable stable 

NCM/LiBa(B3O5)3 
LiMnCoO4, NiO, LiBO2, 

Ba2Li(BO2)5 stable 

LiCoO2/LiBa(B3O5)3 stable stable 
LiMn2O4/LiBa(B3O5)3 stable stable 
LiFePO4/LiBa(B3O5)3 stable stable 

NCM/LiPO3 LiMnCoO4, Li3PO4, Ni3(PO4)2 
LiMnCoO4, O2, Li3PO4, 

Ni3(PO4)2 
LiCoO2/LiPO3 Li5(CoO2)12, Li3PO4, Co3O4 LiCoPO4, CoO2, Li3PO4 

LiMn2O4/LiPO3 MnO2, MnPO4, Li3PO4 Li4P2O7, MnPO4, MnO2 
LiFePO4/LiPO3 Fe2P2O7, Li4P2O7 Li4P2O7, Fe2P2O7, LiFeP2O7 

NCM/LiLa(PO3)4 
LiMnCoO4, LaPO4, Li3PO4, 

Ni3(PO4)2 
LiMnCoO4, O2, LaPO4, 

Li3PO4, Ni3(PO4)2 

LiCoO2/LiLa(PO3)4 CoO2, LaPO4, Co3O4, Li3PO4 
CoPO4, LaPO4, Li4P2O7, 

CoO2 
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LiMn2O4/LiLa(PO3)4 MnO2, MnPO4, Li3PO4, LaPO4 
Li4P2O7, LaPO4, MnPO4, 

MnO2 

LiFePO4/LiLa(PO3)4 Li4P2O7, LaPO4, Fe2P2O7 
LiFeP2O7, LaPO4, Fe2P2O7, 

Li4P2O7 

NCM/LiCs(PO3)2 
Cs3PO4, CsCoPO4, Co(NiO2)2, 

Li2Mn3NiO8, LiMnCoO4, Li3PO4 

Li2Mn3NiO8, Li3PO4, 
Ni3(PO4)2, CsCoPO4, 

CsMnO4, O2 
LiCoO2/LiCs(PO3)2 CsCoPO4, Li5(CoO2)12, Li3PO4 CsCoPO4, CoO2, Li3PO4 

LiMn2O4/LiCs(PO3)2 
Li5Mn7O16, Li3PO4, Cs3PO4, 

Mn2O3 
Mn2O3, Li3PO4, Cs3PO4, 

MnO2 
LiFePO4/LiCs(PO3)2 stable CsFeP2O7, Li4P2O7, Fe2P2O7 

NCM/LPSCl Ni3S2, Li2SO4, Li2S, LiCl, MnS, 
Co9S8, Li3PO4 

MnS, Li2SO4, Ni3S2, Li3PO4, 
Li2O, Co9S8, LiCl 

LiCoO2/LPSCl Li3PO4, Li2S, Co9S8, Li2SO4, 
LiCl 

Li2SO4, Li3PO4, Li2O, Co9S8, 
LiCl 

LiMn2O4/LPSCl LiCl, Li3PO4, Li2SO4, Li2S, MnS Li2SO4, Li3PO4, Li2O, LiCl, 
MnS 

LiFePO4/LPSCl FeS2, Li3PO4, FePS3, LiCl, FeP FeP, FePS3, Li4P2O7, LiCl, 
FeS2 

NCM/LGPS MnS, Co2NiS4, Li2SO4, Li3PO4, 
Li4GeO4, Li2S, Ni3S2 

MnS, Li2SO4, Co9S8, Li2S, 
Li4GeO4, Li3PO4, Ni3S2 

LiCoO2/LGPS Li2SO4, Li2S, Li4GeO4, Li3PO4, 
Co9S8 

Li2O, Li2SO4, Li3PO4, 
Li4GeO4, Co9S8 

LiMn2O4/LGPS Li4GeO4, MnS, Li2SO4, Li3PO4, 
Li2S 

Li2GeO3, MnS, Li4GeO4, 
Li3PO4, Li2SO4 

LiFePO4/LGPS GeS2, Li3PO4, FePS3, FeP, FeS2 GeS2, Li4P2O7, FePS3, FeP, 
FeS2 

NCM/LPS Ni3S4, MnS, Co2NiS4, Li3PO4, 
MnS2, Li2S 

Li2S, Li3PO4, MnS, Ni3S2, 
Co9S8, Li2SO4 

LiCoO2/LPS Li2SO4, Li2S, Li3PO4, Co9S8 Li2S, Li2SO4, Li3PO4, Co9S8 
LiMn2O4/LPS Li2S, Li3PO4, Li2SO4, MnS Li2SO4, MnS, SO2, Li3PO4 
LiFePO4/LPS Li4P2O7, FeP, FePS3, FeS2 FeS2, Li4P2O7, FeP, FePS3 

NCM/LLZO Li5CoO4, NiO, La2O3, Li6Zr2O7, 
Li2MnO3 

La2MnNiO6, NiO, LiNiO2, 
Li2CoO3, La2Zr2O7, Li2MnO3 

LiCoO2/LLZO Li6Zr2O7, La2O3, Li5CoO4 La2Zr2O7, LiCoO2, La2O3, 
Li2CoO3 

LiMn2O4/LLZO LaMnO3, Li2MnO3, LiMnO2, 
La2Zr2O7 

Li2MnO3, LaMnO3, La2Zr2O7, 
LiMnO2 

LiFePO4/LLZO La3FeO6, Li3PO4, La2Zr2O7, Fe, 
FeO 

Fe3O4, La2Zr2O7, Li3PO4, 
LaPO4, FeO 

 
Table 3.S5 Chemical reaction products for the most favorable reactions at SSE/coating in-
terfaces.  

Interfaces Reaction products 
LPSCl/Li2ZrO3 Li2S, Li3PO4, Li2ZrS3, LiCl 
LGPS/Li2ZrO3 Li4GeS4, Li2ZrS3, Li3PO4 
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LPS/Li2ZrO3 Li3PO4, Li2ZrS3 
LLZO/Li2ZrO3 Li6Zr2O7, La2O3 
LPSCl/LiNbO3 Li2S, LiCl, Li5(NbS2)7, S, Li3PO4 
LGPS/LiNbO3 S, Li2S, Li3PO4, Li4GeS4, Li5(NbS2)7 
LPS/LiNbO3 S, Li3PO4, Li5(NbS2)7, Li2S 

LLZO/LiNbO3 Li3NbO4, LaNbO4, La2Zr2O7 
LPSCl/LiTaO3 TaS3, Li3PO4, Li2(TaS2)3, LiCl, Li3TaS4 
LGPS/LiTaO3 TaS3, Li3PO4, Li3TaS4, Li2(TaS2)3, Li2GeS3 
LPS/LiTaO3 Li2(TaS2)3, Li3PO4, TaS3, Li3TaS4 

LLZO/LiTaO3 Li3TaO4, La2Zr2O7, La3TaO7 
LPSCl/LiH2PO4 H2S, Li3PS4, LiCl, Li3PO4 
LGPS/LiH2PO4 P2S5, H2S, Li3PO4, GeS2 
LPS/LiH2PO4 H2S, P2S5, Li3PO4 

LLZO/LiH2PO4 Li3PO4, La2Zr2O7, La(HO)3, LiH3O2 
LPSCl/LiTi2(PO4)3 Li3PO4, Ti(PS3)2, TiS3, LiCl, TiS2 
LGPS/LiTi2(PO4)3 Li3PO4, Ti(PS3)2, GeS2, TiS3, TiS2 
LPS/LiTi2(PO4)3 S, TiS3, Li3PO4, Ti(PS3)2 

LLZO/LiTi2(PO4)3 Li3PO4, La2Ti2O7, ZrO2, LaPO4 
LPSCl/LiBa(B3O5)3 Ba(BS2)2, BaLiBS3, Ba3(PS4)2, LiCl, Li3B7O12 
LGPS/LiBa(B3O5)3 Li3B7O12, Li3PS4, Li3B5S9, BaLi2GeS4, Li2GeS3 
LPS/LiBa(B3O5)3 Ba3(PS4)2, S, Li3B7O12, BaPS3, BS2 

LLZO/LiBa(B3O5)3 BaLiBO3, Li3BO3, LaBO3, La2Zr2O7 
LPSCl/LiPO3 Li3PS4, LiCl, Li3PO4 
LGPS/LiPO3 Li3PO4, P2S5, GeS2 
LPS/LiPO3 P2S5, Li3PO4 

LLZO/LiPO3 Li3PO4, ZrO2, LaPO4 
LPSCl/LiLa(PO3)4 LiCl, Li3PO4, P2S5, LaPS4 
LGPS/LiLa(PO3)4 P2S5, Li3PO4, GeS2, LaPS4 
LPS/LiLa(PO3)4 P2S5, Li4P2O7, LaPS4 

LLZO/LiLa(PO3)4 Li3PO4, LaPO4, ZrO2 
LPSCl/LiCs(PO3)2 P2S5, Li3PO4, LiCl, CsPS3 
LGPS/LiCs(PO3)2 GeS2, CsPS3, Li3PO4, Li4P2O7 
LPS/LiCs(PO3)2 P2S5, CsPS3, Li4P2O7 

LLZO/LiCs(PO3)2 Cs3PO4, Li3PO4, La2Zr2O7, LaPO4 
 
Table 3.S6 All NEB calculated migration barriers for single Li vacancy migration for 
Li2ZrO3 and the six polyanionic oxides. 

Materials NEB activation energies for single hop (eV) 
Li2ZrO3 0.48, 0.55, 0.58, 0.7, 0.8 

LiH2PO4 0.33, 1.20, 1.24, 1.32, 1.42, 1.99 
LiTi2(PO4)3 0.42 
LiBa(B3O5)3 1.96 

LiPO3 0.1, 0.25, 0.26, 0.32, 0.36, 0.40, 0.50 
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LiLa(PO3)4 1.39, 1.65, 2.60 
LiCs(PO3)2 0.43, 0.84, 1.27, 1.28, 1.54, 1.70 
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Chapter 4: Conclusions and outlook 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Part of this chapter has been published in: 
Xiao, Y., Wang, Y., Bo, S. H., Kim, J. C., Miara, L. J., & Ceder, G. (2020). Understanding inter-
face stability in solid-state batteries. Nature Reviews Materials, 5, 105–126. 
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4.1 Conclusions 

In conclusion, this dissertation employs first-principles-based computational methods to tackle 
two critical bottlenecks in the development of SSBs: the search for new SSE materials, and the 
creation of stable interfaces in SSBs. 
 
Chapter 2 presented a feature-guided computational search for lithium oxide SICs. Based on the 
analysis of the Li diffusion networks of lithium garnet and NASICON structures, we identified a 
common ion-conduction pattern, denoted “activated diffusion network,” in both compounds. In 
this pattern, the local environments in the pristine Li diffusion network are quiescent for ionic 
conduction, but stuffing an excess Li ion into the network creates an “activated local environment” 
where the Li migration barrier becomes much lower via a cooperative motion of nearby Li ions. 
The activated local environment can propagate through the diffusion network, leading to superi-
onic conduction in the Li-stuffed material. Then, three features of diffusion network were consid-
ered beneficial for activating such an ion-conduction pattern upon Li stuffing, i.e., a 3D percolating 
network, short distances between occupied Li sites, and “homogenous local environments.” Using 
these network features as screening criteria, we identified 7 promising lithium oxide SIC candi-
dates with σrt of ~0.1 mS/cm or higher predicted by AIMD simulations. Notably, the candidates 
Li2TeO4 and LiMg(SeO3)2 indeed show high topological similarity to garnet and NASICON in 
their Li diffusion networks, respectively. Furthermore, several structural frameworks that have not 
been previously considered for oxide SSEs emerged, including spinel, oxy-argyrodite, sodalite and 
LiM(SeO3)2, presenting exciting opportunities for future development of oxide SSEs. 
 
In Chapter 3, a high-throughput computational screening was performed to search for optimal 
cathode coating materials for SSBs. The screening results showed that fluorides, chlorides and 
polyanionic oxides exhibit better oxidation stability and chemical stability (against thiophosphate 
SSE) than conventional ternary metal oxide coatings. Among polyanionic oxides, lithium borates 
were highlighted due to their exceptional (electro)chemical stability at various interfaces of differ-
ent cathode/SSE combinations. Three phosphate compounds LiH2PO4, LiTi2(PO4)3, and LiPO3 
were identified as particularly appealing candidates due to their combined high (electro)chemical 
stability and low activation energies for Li transport. In this study, we found that for polyanionic 
oxides, the strong covalency between non-metal element M and O in the many MOx polyhedral 
units lowers the energy of the oxygen orbitals, thereby protecting them from oxidation. This effect 
explains the increased oxidation stability and also the decreased chemical reactivity of the polyan-
ionic compounds compared with conventional metal oxide coating materials. Besides, we identi-
fied a general trade-off between ionic conductivity and oxidation stability of polyanionic oxides: 
although a high oxidation limit indicates a low Li content in the compound, a high ionic conduc-
tivity is correlated to a high Li content. Finally, we noted that coating selection depends on the 
specific cathode and SSE combination and processing technique. We recommended phosphate 
coatings to be paired with sulfide SSEs, and metal oxide coatings such as LiNbO3 and LiTaO3 for 
pairing with LLZO. Lithium borates were recommended for all oxide cathode/sulfide SSE inter-
faces. 
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4.2 Outlook 

The recent advances in computational modeling and experimental synthesis, processing, and char-
acterization techniques have greatly narrowed the gap between experimental observations and 
computational predictions. For the SSE development, ionic conductivities and activation energies 
predicted using AIMD simulation and DFT-based NEB method showed reasonably good agree-
ment with experimentally measured values.69,132,161,194 Moreover, the mechanisms underlying the 
high ionic conductivity of Li-ion conductors are reasonably well established thanks to the insights 
from first-principles computations.62,64 These insights have led to the rapid development of new 
SICs such as Li1+2xZn1−xPS4 (σrt = 8 ×10−4 S/cm)69,70 and Li1+xTa1−xZrxSiO5 (σrt = 2.97 × 10−5 
S/cm).71,72  
 
However, multiple challenges lie ahead of us in SSE modeling. For the modeling of ion transport 
in solid materials, the throughput of first-principles computations is bottlenecked by their high 
computational cost. Also, the room-temperature ionic conductivity predicted by AIMD simula-
tions is typically obtained by extrapolating from high-temperature data assuming the Arrhenius 
relationship, which does not hold for materials undergoing phase transition between room temper-
ature and simulated temperatures.256 Therefore, the next important task in SSE modeling is to de-
velop low-cost computational techniques (e.g., machine learning potentials257) to speed up the 
simulation of ion transport even at room temperature. Another issue is that the total ionic conduc-
tivity of an SSE is often limited by the grain-boundary resistance, especially for oxide SSEs. How-
ever, the grain-boundary resistance cannot always be trivially separated from that of the bulk in 
conventional impedance measurements.69 Directly computing the grain-boundary ionic conductiv-
ity, on the other hand, requires the ability to model the atomic structure of the grain boundary to a 
reasonable degree of accuracy, which is a challenging task in its own right. Furthermore, to predict 
the overall ionic conductivity of an SSE pellet, experimental data and/or mesoscale modeling will 
be required to describe the microstructure and inter-particle contact in a pellet as a function of the 
material’s mechanical property and processing conditions. For the study of the ion-conduction 
mechanism in SICs, although previous works have unraveled various mechanisms contributing to 
superionic conduction, there is still plenty of room for discovering new mechanisms by studying 
in detail the ion trajectories from AIMD simulations, especially for SICs in amorphous form. It is 
also intriguing to develop a unified ion conduction theory that resembles the energy band theory 
of electronic conductivity for solids, although the task will be extremely challenging due to the 
strong correlation between ions. Experimentally, a fast and efficient synthesis-processing-testing 
workflow should be developed to keep up with the accumulating number of computationally pre-
dicted SICs. This task requires innovations in techniques such as low-temperature processing258 
and local ionic conductivity measurements259 as the conventional high-temperature sintering and 
pelleting procedures have become the rate-limiting steps in the experimental development of oxide 
SSEs. 
 
For the modeling of interface reactions, high-throughput computing260,261 and the establishment of 
large databases of ab initio phase diagrams, such as the Materials Project,159 have made it fairly 
straightforward to compute the thermodynamic reaction products that will form at an interface. 
Many of these predicted decomposition products have been confirmed using advanced character-
ization techniques. Even when the predicted interphases are not observed in experiments, the com-
putational results often capture the qualitative features of the interfacial reactions, such as the redox 
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center driving the electrochemical decomposition, the preferred bond formation upon chemical 
mixing and the formation of a stable interface, an MCI or an SEI. The predictive power of these 
interface models can effectively guide the reverse engineering of interfaces in SSBs, either by 
interface modifications94 or coating design as demonstrated in Chapter 3. Nevertheless, factors 
such as the rate of elemental diffusion, new phase nucleation and whether new phases formed at 
the interface will be amorphous or crystalline are difficult to predict using current computational 
methods. The time scale relevant to experimental observations cannot be achieved in explicit in-
terface modeling using ab initio techniques. Further development of these models should aim to 
include kinetic factors to predict, for example, the most likely reaction pathways and products 
(including amorphous phases), stricter bounds for kinetic stabilization and the upper bound of the 
processing temperature. On the experimental side, efforts should be made to elucidate the compo-
sition and structure of individual interfaces and interphases under processing and battery-cycling 
conditions and how they individually affect the cell performance. Stable interfaces should be dis-
tinguished from interfaces at which passivation slows down the reaction. This task requires the 
development of non-destructive, spatially resolved characterization techniques, as well as in situ 
or operando techniques that can reveal the compositional and structural evolution of the interface. 
Such experimental data can be used synergistically with computational modeling to shed light on 
the mechanisms and kinetic pathways of interfacial reactions. Finally, to engineer stable interfaces 
in SSBs, the current cathode coating strategy still suffers from multiple problems as discussed in 
Chapter 3, including the unprotected SSE/carbon and SSE/current collector interfaces, and the 
inherent paradox of electron transport across the cathode coating layer. These challenges call for 
a more sophisticated morphological design of different components in the electrode composite of 
SSBs.   
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